
— 

Chapter 18 

Radiation Effects in Metals:

Hardening, Embrittlement, and Fracture


18.1	 STRUCTURAL N!ETALS FOR 
FAST REACTORS 

The neutron eccmomy of a fast reactor is not so 
significantly affected by neutron capture in the structural 
materials in the core as is that of a thermal reactor. First, 
most neutron-capture cross sections increase with de­
creasing neutron energy, and the neutron population of the 
liquid-metal fast breeder reactor (Lhl FI~R) contains a far 
lower percentage of thermal neutrons than does that (If a 
light-water reactor (LWR). Second. the ratio of the mass of 

structural metal to the mass of fissile materials is much 
smaller in a fast reactor than in a thermal reactor. 
Consequently, metals that in a thermal reactor would 
severely impair neutron economy are acceptable in a fast 
reactor, and the selection of core structural materials for 
the I,hl FBR can be based primarily on cost and mechanical 

and chemical properties. The downgrading of rleutron­
absorption characteristics from tile selection criteria for 
core structural metals means that the costly zirconium 
alloys used in thermal reactors need not be employed in 
fast reactors. However, parasitic neutron absorption by 
nonfuel components is important enough to cause LNIFBR 
core designers to be quite sparing in using certain structural 
metals. The irradiation properties of high-nickel alloys, for 
example, are generally superior to those of con\, entional 
stainless steel, but nickel has a seriously large cross section 
for absorption of fast neutrons. 

The most important metallic component of a reactor 
core is the fuel cladding; this member provides structural 
integrit~l to the fuel element, prevents fission products from 

escaping tu the primary coolant system, and separates the 
sodium coolant from the ceramic oxide fuel (with which it 
reacts). The cladding must be thin-walled tubing that can 
remain intact in a fast reactor 
up to 3 years at temperatures to 
3“;, and Iluences up tu 3 x 102 
cladding alloy selected for the 
stainless steel described as type 
fcc cr~stal structure. (Austenite 

environment for perinds of 
800-C, diametral strains of 
~ neutrons cn-~ see”-’ The 

LYIFBR is the austenitic 
316. This material has an 
is the fcc modification of 

iron. It is the stable form of pure iron between 910 and 
1400’ C. The addition of nickel stabilizes this structure 

above	 room temperature. ) It has good high-temperature 
creep strength and resists corrosion by liquid-sodium and 
hypostoichiometric mixed-oxide fuels. Nloreover, it is 
cheaper than more exotic metals, available in sufficient 
quantities for the fast reactor program. and is easy to 
fabricate. The compositions of two austenitic stainless 
steels are given in Table 18.1. 

Tbe austenitic stainless steels, however, are highly 
susceptible to s~velling owing to void formation and to 
high-temperature embrittlement by the helium produced in 
neutron reactions with constituents of the alloy. Comm­
ercial	 nickel alloys (e.g.. 
materials for core structural 
Past breeder reactor. These 
void swelling, but 
truss section is higher than 
and refractoW-metal alloys 

[nconel and Incaloy) are backup 
components in the liquid-metal 

alloys appear to be less prone to 
their neutron-absorption 
that uf steel. Vanadium-based 
are long-range candidates for 

LNIFBR fuel-element cladding. These two classes of metals 
bc)tb possess bcc lattice structures and are more resistant to 
helium embrittlement than are the austenitic stainless steels 
or nickel alloys. In addition, the refractc)ry metals (e.g., 
molybdenum) dn not form voids under large fast-neutron 
fluences at the cladding service temperatures of the 
Lh’lFBR. Ifowever. both vanadium alloys and the refractory 
metals are much more costl! lban st:iinless steel. and their 
US[’as cladding would significantly increase the capital cost 
of a fast reacttrr. 

~llthough the generally favorable high-temperature 

properties of the austenitic stainless steel are utilized in the 
fast reactor core compounds (e.g., in cladding and assembly 
wrappers), tbe lower flux, lower temperature envirunrnent 
outside the core permits Ies expensive steels to be used for 
thp reactor pressure vessel. In both LhlFBR and LWR 
systems, ordinary ferritic or alloy steel is Ilsed for this 
component. (Ferrite is a bcc modification of iron, ) T~~pical 
alloy-steel compositions are shtswn in Table 18,2. This 
material does not possess, nor does it need to possess, the 
high-temperature strength and corrosion resistance of stain­
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Table 18.1 Composition of Austenitic Stainless Steels deformation occurs at high stresses and rather quickly. 
However, the stre!igth of fuel-element cladding is most 

Type 304, Type 316. accurately represented by the resistance of the mcttil to 
Element wt. 7’ wt. 70 slow deformation by creep, since the internal loading on 

Fe 70 65 

1 
Major

Cr 19 17 
constituents

Ni 9 13


c 0.06 0.06

hl n 0.8 1.8

P 0.02 0.02


[ntcrstitial
s 0.02 0.02 

impurities
Si 0.5 0,3

B 0.0005 0,0005

N 0.03


I 
MO 0.2 2.2 Substitutional 
co 0.3-__} impurities 

Table 18.2 Composition of Pressure-Vessel Steels 

A302-B, A212-B,

Element wt. Y. wt. 7“


Fe 97 98 

c 0.2 0.3 \

Mn 1.3 0.8


interstitial
P 0.01 0.01 

impurities
Si 0.3 0,3

s 0.02 0.03 }


Cr 0.2 0.2 
Ni 0,2 0.2 

Sllbstitutional 
impurities

Mo 0.5 0,02 1

less steel, but it is much cheaper. In common with most bcc 
metals, ferritic steel exhibits one potentially serious radia­
tion effect. Below a certain temperature known as the 
ductile–brittle transition temperature (DBTT), or nil. 
ductility temperature (NDT), the metal is susceptible to 

brittle fracture. As long as the lowest operating temperature 

is greater than the nil-ductility temperature, the metal is 
ductile. However, the nil-ductility temperature increases 
dramatically with neutron exposure, and, toward the end of 
a 30-year lifetime, a pressure vesel can be subject to brittle 
failure. Such catastrophic failures have occasionally OC. 
curred in bridges, large storage tanks, and ships. Usually the 
entire structure breaks apart when brittle fracture occurs. 

Four broad categories of mechanical behavior are 
pertinent to reactor performance: 

1. Radiation hardening. 
2. Embrittlement and fracture. 
3. Swelling. 
4. Irradiation creep. 

This chapter deals with the first two of these features. 

Swelling and irradiation creep are considered in the 
following chapter. 

Radiation hardening usually means the increase in the 
yield stress and the ultimate tensile stres as a function of 
fast-neutron fluence and temperature. The yield strength 
and ultimate strength are measured in tests in which 

the cladding never reaches the yield stress. The creep 
strength of a metal is usually determined by the time 
required for failure under a fixed applied stress (i.e., a stress 
rupture test). 

Embrittlement of a metal is measured by the arnoun~ of 
plastic or creep deformation that occurs before fracture. 
Fast-neutron irradiation invariably renders a metal less 
ductile than the unirradiated material. Fraclure can be of 
the brittle type in which a small crack swiftly propagates 
across an entire piece, or it can occur only after long times 
at stress and after appreciable deformation. Failure by 
stress rupture takes place by linkup of small intergranular 

cracks or cavities that have developed throughout the 
interior of the metal. 

18.2	 EVOLUTION OF THE MICROSTRUC­
TURE OF STEEL DURING NEUTRON 
IRRADIATION 

The radiation-produced entities responsible for changes 
in the mechanical properties of neutron-bombarded metals 
can be identified, counted, and sized with the aid of the 
electron microscope. When an electron beam of several-
hundred kiloelectron volts energy passes through a thin 
metal specimen, some of the electrons are transmitted 
through the foil, and others are diffracted in much the same 
way that X rays are diffracted by parallel atomic planes 
near the surface of a crystal. The foil is sufficiently thin 
(1000 to 5000 /1) and the incident electron beam suf­
ficiently well collimated (spot size of several microme~ers) 
that only a part of a single grain is probed. Within this 
single-crystal region of the material, some atomic planes are 
properly oriented to diffract the incident electron beam. 
The angle of the diffracted beam relative to the incident 
electron beam is determined by the Bragg condition based 
on the de Broglie wavelength of the incident electrons and 

the spacing of the atomic planes of the solid. The intensity 
of the transmitted beam is reduced to the extent that the 
intervening solid satisfies the Bragg condition and produces 
strong diffraction. Figure 18.1 is a sketch of the setup for 
bright-field transmission-electron microscopy. The trans­
mitted electrons are brought into focus at an aperture by 
means of an electrostatic lens. The position of the aperture 
is adjusted so that only transmitted electrons are permitted 
to pass; the diffracted beams are stopped. Any defect that 
locally destroys the perfection of the crystal lattice also 
altem the diffraction conditions at this point. When the 
orientation and/or spacing of the atomic planes around the 
defect more closely satisfy the Bragg condition than do the 
planes in the perfect crystal, the diffraction phenomenon is 
stronger for the planes around the defect than for those in 
the perfect crystal. With reference to Fig. 18.1, if lb ; 11}, 
then the transmitted beam from the vicinity of the defect is 
weaker than that from the perfect crystal. The defect 
appears on the photographic plate behind the aperture as a 
dark image on a bright background. The contrast of the 
image is proportional to IT — I\.. Such photographs repre­
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sent the projected image of the three-dimensional crystal 
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Fig. 18.l Illustration of image formation in bright-field 
electron microscopy. The values I’r. and ID denote the 
intensities of the transmitted and diffracted beams for 
incident electrons passing through a region of perfect 
crystal. The primed quantities denote the analogous intensi­
ties from the region of the defect. 

defect. Atomic planes that areoutof register (as those near 
a grain boundary orastacking fault) or zones of the crystal 
that are distorted by a strain field (as around dislocations) 
produce interference patterns and cantherefore reimaged. 

Gas-filled bubbles at equilibrium (i.e., gas pressure 
balanced by surface tension) do not strain the surrounding 
solid, which therefore behaves as undistorted crystal. Even 
when the cavity contains no gas (a void), the strain field in 

thevicinity of thedefect is negligible. Bubbles and voids are 
detectable by virtue of the smaller absorption of the 

electron beam passing through the cavity compared with 
the electrons that pass through a wction of the foil 
consisting entirely of solid. 

Figure 18.2 shows the microstructure of a typical 
unirradiated austenitic stainlex steel used for fast reactor 
fuel-element cladding. Figure 18.2(a) shows an ordinary 
photomicrograph of a polished specimen. The grains are 

clearly visible and average 25 pm in size. Thetransmissiorr­
electron micrograph of Fig. 18.2( b)contains only segments 
of the dislocation network of the as-fabricated metal, 

18.2.1 Black-Dot Structure 

Figure 18.3 shows the microstructure of a specimen 
irradiated at ‘1OO”C by a fast-neutron fluenceof ‘1021 
neutrons/cm2. The defects produced at these conditions 
appear as black dots in the electron micrograph. The 
defects are too small to permit their structure to be 
revealed by the electron microscope, but they are believed 

(a) (b) 

Fig. 18.2 Microstructure of unirradiated type 304 stainless steel (a) Photomicrograph showing grain struc­
ture. (b) EIectron micrograph showing dislocation structure. (From E. E. Bloom, An Investigation of Fast 
Neutron Radiation Damage in An Austenitic Stainless Steel, USAEC Report ORNL-4580, Oak Ridge Na­
tional Laboratory, 1970.) 
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Fig. 18.3 Type 304 stainless steel irradiated at 93”C. 
[From E. E. Bloom, W. R. Martin, J. O. Stiegler, and J. R. 
Weir, J. Nucl. Mater., 22:68 (1967). j 

to represent the depleted zones or vacancy clusters pre­
dicted by radiation-damage theory (Figs. 17.25 and 17.30). 
As long as the irradiation temperature is below -350°C, 
increasing fluence simply increases the density of the 

black-dot damage. 
When irradiation is carried out at temperatures greater 

than ‘350°C, the nature of the microstructure is entirely 
different from the black-dot pattern characteristic of 
low-temperature irradiation. In stainless steel irradiated 
above 350”C, the point defects created by the collision 
cascades are sufficiently mobile to move about in the solid 
and agglomerate into larger defect clusters. The damage 
structure consists of dislocation loops and voids. 

18.2.2 LOOPS 

The defect agglomeration commonly called a loop is 
formed by condensation of radiation-produced vacancies or 
interstitial into roughly circular disks followed by collapse 
of the atomic planes adjacent to the platelet. Vacancy-loop 
formation is shown in Figs. 18.4(a) and 18.4(b), and the 

corresponding process for interstitial is depicted in Figs. 
18,4(c) and 18.4(d). The end result of the condensation/ 
collapse process is a region delineated by a circular edge 
dislocation. In the fcc structure, loops invariably form on 

{111} planes. When a (111) plane is added to or removed 
from the lattice by agglomeration of a disk of interstitial 
or vacancies, the stacking sequence of the perfect close-
packed structure (Sec. 3.6) is disturbed. The circular edge 
dislocation thus encloses a stacking fault. 

The dislocation loops shown in Figs. 18.4(b) and 
18.4(d) are called Frank sessile dislocations or simply Frank 
loops. The term wssile means immobile. Because the 
dislocation encloses a stacking fault, Frank loops are also 

called faulted loops. The Burgers vector of a Frank 
dislocation is perpendicular to the plane of the loop, and its 
magnitude is equal to the separation of the (111) planes. 
This Burgers vector is denoted symbolically by 

(18.1) 

The direction is indicated by the Miller indices in the 

brackets. The sign depends on whether the loop was formed 
from vacancies or interstitial. The length of the Burgers 
vector is given by the square root of the sum of the squares 
of the Miller indices times the coefficient a. /3, or 
(aO/3)3% = aO/3~. 

Edge dislocations can slip only in the direction of their 
Burgers vector. The cylinder normal to the loop on which 
the dislocation can move is not a (110) glide direction for 
fcc slip [ Fig. 8.2(a)]. Therefore, the Frank dislocation loop 
cannot move in the direction of its Burgers vector and 
hence is immobile, or sessile. The loop can change diameter 
by absorbing or emitting point defects (i.e., by climb). Net 
addition of the same type of point defect causes the loop to 
grow, whereas absorption of the opposite type of point 
defect causes shrinkage. The stacking fault can be elimi­
nated by moving the crystal above the loop relative to the 
solid below it. This shearing action is accomplished by 

passage of another type of dislocation, called a Shockley 
dislocation, across the faulted area. The Shockley disloca­
tion and the Frank dislocation react to form a dislocation 
loop at the same position as the original Frank loop but 
with the interior of the loop now in perfect stacking 
registry with the neighboring (111) planes. The loop 

unfaulting process occurs spontaneously in stainless steel at 
about 600”C. The Burgers vector of the unfaulted loop is 

b=3:[l10] (18.2) 

This Burgers vector is properly oriented for glide in the fcc 
lattice [ Fig. 8.2(a)], and the loop is therefore mobile. As it 
moves by slip, it sweeps out a cylindrical surface tilted at an 
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((:) (d) 

Fig. 18.4 Formation of vacancy loops and interstitial loops. 
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angle to the (111) plane. Because of the shape of slip 
pattern, the unfaulted loop isoften called a prismatic loop. 
It is distinguished from the shear loop shown in Fig. 8.6 by 
the direction of the Burgers vector with respect to the plane 
of the loop. The Burgers vector of a shear loop lies in the 
plane of the loop, whereas the Burgers vector of a prismatic 
loop lies outside the plane of the Ioop. The dislocation of 
the unfaulted loop given by Eq. 18.2 is perfect in the sense 
that movement along the sIip plane leaves the atoms in 
positions equivalent to those previously occupied. The 
dislocation characterizing the Frank sessiIe loop (Eq. 18.1) 
does not satisfy this criterion, and the Frank loop is said to 
be imperfect. 

Faulted and unfaulted dislocation loops are shown in 
Figs. 18.5(a) and 18.5(b), respectively. Because of the 
stacking fault they enclose, the faulted loops in Fig. 18.5(a) 

appear in the electron microscope as opaque circles. 
Removal of the faulted region renders the interior of the 
loop identical to the rest of the solid, and only the outline 
of the loop remains [ Fig. 18.5(b)]. Since the unfaulted 
dislocation loops are mobile, they easily lose their dis­
tinctive circular shape by gliding under an applied stress and 

(b) 

Fig. 18.5 Dislocation loops in type 304 stainless steel. (a) 
Faulted. (b) Unfaulted. (From E. E. Bloom and J. O. 
Stiegler, in ASTM Special Technical Publication 484, 
p. 451, American Society for Testing and Materials, Phila­
delphia, 1970.) 

becoming tangled with the natural or deformation-
produced dislocation network of the solid. Loops disappear 
from the irradiated solid at about 600 to 650”C. 

18.2.3 Voids 

Under some conditions the embryo collection of 
vacancies of Fig. 18.4(a) can begin to grow in a three­
dimensionai manner rather than collapse into a dislocation 
loop. This route leads to the formation of voids in metals 
and consequent swelling of the structure (Chap. 19). Voids 
produced in stainless steel by high-fiuence fast-neutron 
bombardment at 525°C are shown in Fig. 18.6. The voids 
are not spherical. Rather, they assume the shape of a 
regular octahedron with {11 1 } planes as surfaces. The ends 
of the octahedron, however, are truncated by {100} planes. 
Voids are annealed out of the microstructure at about 
750°c. 

18.2.4 Carbide Precipitates 

In pure metals, only voids and dislocation loops are 
produced by intermediate-temperature irradiation. In a 
material as complex as stainless steel, however, neutron 
irradiation also causes different solid phases to precipitate. 
Carbon is added to steel in the molten state, where the 
volubility of carbon is high. Carbon volubility, whether in 
the solid or in the liquid forms of steel, decrea~s rapidly as 
the temperature is reduced. However, when the steel is 
rapidly quenched from the melt, the kinetics of carbon 
precipitation are too slow to keep up with the rapid 
decrease in the mobility of the atomic species in the solid. 
Consequently, the 0.06 wt.% carbon in steel (Table 18.1) is 
maintained in atomic form as a supersaturated solution. 
When the steel is heated to temperatures at which super­

saturation persists but atomic mobility is appreciable, the 
carbon can be expelled from solution and form a second 
phase in the metal. When steel is aged (i.e., heated for long 
periods of time at elevated temperatures), dissolved carbon 
reacts with the matrix elements iron and chromium to form 
a compound M23C6 (M = Cr and Fe) which is insoluble in 
the austenite or gamma phase. These carbides are formed by 
the reaction 

23M(Y) + 6C(7) = Mz ~Crj (mixed carbide) 

where ~ denotes the austenitic phase. The carbide formed is 
a mixture of Fe2 3C6 and Cr2 ~C6. Since chromium is a 
strong carbide-formr, the mixed carbide consists primarily 
of Cr2 ~C6. The nickel constituent of stainless steel does 
not form stable carbides. 

Neutron irradiation accelerates the diffusional processes 
that control the nobilities of the atomic species in the 
lattice and hence the kinetics of the preceding precipitation 

reaction. Carbide precipitation occurs at much lower 
temperatures and shorter times than those required for aging 

in the absence of irradiation. Radiation accelerates the rates 
of precipitation reactions when such processes are thermo­
dynamically favorable. [f the irradiation temperature is 

above that at which the volubility limit of carbon is equal 
to the carbon content of the stec~l, irradiation cannot cause 
precipitation. For type 316 stainless steel containing 0.067~ 
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Fig. 18.6 ‘1’ype 316 stainless-steel specimen irradiated at 
525°C to 7.1 x 1022 neutrons/cm2 (~ > 0.1 MeV). Mean 
void diameter, 640 ~; void number density, 4.4 x 10’4 
voids/cm3. [ From W. K. Appleby et al., in Radiation-
Induced Voids in Metals, Albany, N. Y., James W. Corbett 

and Louis C. tanniello (Erls. ), USAEC Symposium Series, 
CONF-71O6O1, p. 166, 1971. ] 

carbon, for example, carbide precipitation is thermo­

dynamically y unfavorable at temperatures greater than 
900*C. At temperatures lower than -400”C, diffusional 
processes are too slow (even when enhanced by irradiation) 

to cause observable precipitation in reasonable irradiation 
ti roes. Between 400 and 900°C, however, exposure of 
austenitic stainless steel to fast-neutron tluences between 
102‘ and 1022 neutrons/cm2 produces carbide precipita­
tion. Figure 18.7 shows an electron micrograph of carbide 
precipitation in type 316 stainless steel. Carbide particles 

are found both within the grains of the y phase (austenite) 
and on the grain boundaries. The presence of precipitates 
on the grain boundaries affects the creep strength of the 
alloy. 

18.2.5	 Helium Bubbles 

At temperatures above ‘800”C, dislocation loops and 
voids are not found in irradiated steel. [n addition to 

grain boundaries, dislocations (augmented by the un­
faulted loops that have joined the original dislocation 
network), and carbide precipitates, the microstructure 
contains small helium-filled bubbles. Flelium is generated by 
(n,a) reactions with the boron impurity in the steel and 

with the major constituents, principally nickel. At tempera­

tures below ‘650C’C, the helium atoms produced by 
stopping the alpha particles in the material are not mobile 
enough to migrate and nucleate bubbles. Consequently, 
helium remains in solution and is invisible to the electron 

microscope. At high temperatures helium bubbles form in 
the metal in the same way that fission-gas bubbles form in 
ceramic oxide fuel material (Chap. 13). The helium bubbles 
in the metal are nearly spherical, which suggests that the 
internal gas pressure is very nearly balanced by surface-
tension forces. Figure 18.8 shows the helium bubbles in 
stainless steel at 800”C. In this instance, the helium was 
injected into the specimen by a cyclotron. The bubbles on 
the grain boundaries are larger than those in the matrix. 
The intergranular helium plays an important role in the 
high-temperature embrittlement of stainless steel. Short of 
melting, helium bubbles cannot be removed from the metal 
by annealing. 

18.3 MECHANICAL-PROPERTIES TESTS 

Much of the mechanical testing designed to elucidate 
the effects of neutron irradiation on structural metals is 
performed after irradiation with conventional metallurgical 
testing machines. Usually the specimens are irradiated in a 
neutron flux of known energy spectrum for a fixed period 
of time and then removed for testing. The effects of large 
neutron fluences (i.e., very long irradiations) can be 

Fig. 18.7 Nearly continuous M2 ~c6 precipitation along 

grain boundary of solution-treated type 316 irradiated at 

850”C to 5.1 x 1022 neutrons/cm2. [ From EI. R. Brager 
and J. L. Straalsund, J. ,VUC1.,Y[ater., 46: 134 (1973 ).] 
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Fig. 18.8 Transmission electron micrographs of stainless 
steel injected with 5 x 10-5 atom fraction helium, tested at 
800”C. Large helium bubbles are seen in (a) the grain 
boundary and (b) in the grain boundary, with smaller 
bubbles in the matrix. (From D. Kramer et al., in ASTM 
Special Technical Publication 484, p. 509, American Soci­
ety for Testing and Materials, Philadelphia, 1970.) 

determined by the simple expedient of removing core 
components of a reactor and fabricating test samples from 
them. Aside from the problems associated with handling 

and shielding radioactive samples, post-irradiation testing is 
a routine operation, and a large amount of mechanical-
properties data can be accumulated quickly and in­
expensively. 

The mechanical properties of irradiated structural steels 

depend on the irradiation temperature. When testing is 
done after removal from the reactor, the testing tempera-

irradiated at a fixed temperature provide information on 
the thermal stability of defects that are responsible for the 
change in strength brought about by irradiation. For some 
properties, however, out-of-pile testing, even at a test 
temperature equal to the irradiation temperature, does not 
adequately represent the behavior of the metal in the 
reactor environment. This complication can be eliminated 
by performing mechanical tests during irradiation; such 
experiments, however, are difficult and costly. In-pile 

testing is usually restricted to measurement of mechanical 
properties that depend critically on the neutron flux as well 
as on the neutron fluence (e.g., irradiation creep). 

This section reviews some of the conventional 
mechanical-property tests that are applied to irradiated 
structural steels. 

18.3.1 Tensile Test 

The tensile test provides a means of uniaxially loading a 
rod or bar-shaped specimen and of measuring the elongation 
for various applied loads (Fig. 18.9). When a specimen of 
initial length 10 and cross sectional area AO is subjected to 
an applied load in tension P, the length increases to 1, and 
the cross-sectional area is reduced to A. The engineering 
stress in the test is defined as the ratio of the load to the 
initial cros sectional area, or P/Ao. The true tensife stress, 
however, is based on the actual specimen area, or 

(18.3) 

T’he engineering strain is the elongation divided by the 
initial specimen length, or (1 — lo)/lo. The true strain, on 
the other hand, is the integral of the incremenk of strain 
over the specimen length: 

(18.4) 

The true strain is always somewhat larger than the 
engineering strain. The true strain defined by Eq. 18.4 is 

p+ +P 

(a) 

(b} 

‘-~”p 
(c) 

ture is unavoidably introduced as an additional parameter. 
This additional degree of flexibility is often valuable; tensile Fig. 18.9 The tensile test. (a) Test specimen. (b) Uniform 

tests over a range of test temperatures on specimens elongation. (c) Necking. 
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not equivalent to the strain components commonly em­
ployed in elasticity theory (i.e., Eq. A.1O of the Appendix). 
The relation between the infinitesimal strain componenk 
and displacement is determined by Taylor series expan­
sions, which neglect products of strain components. Tbe 
strain of Eq. 18.4 is applicable to finite deformations 
encountered in tensile tests far into the plastic region. It is 
also called the logarithmic strain. 

In the elastic stress region, the true stress-strain cume 
obeys Hooke’s law, which for the uniaxial tensile test is 
u = Ec, However, tensile tests are generally intended to 

investigate the behavior of the metal at much larger stresses 
than those for which Hooke’s law is followed. The large, 

irreversible plastic strains in most tensile tests take place at 
essentially constant volume because deformation occurs 
primarily by shear. Jvith the specimen volume constant, 

area reduction is related to elongation by 

Al = Aolo 

or 

dl dA 
(18.5)

l–A 

Thus, he true strain can also be expressed by 

The preceding equations apply without qualification to 
the portion of the deformation in which the cross-sectional 

area of the specimen is reduced by the same amount over 
the entire length of the specimen. This mode of deforma­

tion is called urzifo)rt~ clotzga(ic~~~ I Fig. 18.9(b) 1. At a 
certain load the cross-sectional area of a localized section of 
the specimen begins to decrease more rapidly than the 
remainder of the bar [ Fig. 18.9(c) 1. This phenomenon is 
called r~eckirzg, and the stress or strain at which it begins is 
the point (If Plastic i)lslabilitl’. 

The stress-train curves for a typical (unirradiated) 
lo\v-alloy steel are shown in Fig. 18,10. The general shapes 
of these curves are characteristic of most metals that 
crystallize in the bcc lattice structure. The solid line depicts 

the engineering stress—strain curve, which is a plot of PIAI) 
vs. (1 — 1{,)/t,,. The material deforms elastically according to 
Hooke’s law up to the point U, where the specimen appears 
to give way or to ,sielcf. The load then drops with increasing 
elongation to the point L. The points (~ and L are called the 
upper and lower yield points, respectively. The reported 
yield strength of a material is usually the stress at the lower 
yield point. For a shorl strain interval following point L, 
plastic deformation proceeds with no increase in load. This 
interval is called the Luders strain. The stress level 
characterizing the Luders strain region is essentially the 
same as the lower yield point, although it is sometimes 
called the f/o/L .slrr.ss of the material. 

F(jllowing the Luders strain is a region where the stress 
required to produce further strain increases. This portion of 
the stress= train curve is called the .s(rait]-}zar(fertitzg or 
~~)or}~-lza~{icnirzg region because the material becomes 
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Fig. 18.10 Stress–strain curvr for ferritic steel. 

stronger as a result of the deformation procex. Plastic 
instability terminates the work-hardening portion of the 
stress—strain curve at the point labeled UTS, which stands 
for z~lli)??a(c tc)~sile sl~ess. This point represents the 
maximum load-bearing capacity of the specimen. At all 
times during deformation, the load is equal to the product 
of the actual cross-sectional area and the true stress, or 
P = (JA. At the UTS, dP = 0, or 

du dA 

(J A 

According to Eq. 18.6, –dA/A = dc; so the onset of 

necking, which occurs at the UTS, is located on the true 
stress—strain curve at the point at which 

du 
—=(J (18.7)
de

Up to plastic instability, the true stres—strain curve 

(the dashed curve in Fig. 18.10) can be constructed using 
Eqs. 18.3 and 18.4. During necking, Eq. 18.4 does not 
apply if the gauge length I is interpreted as the total 
specimen length. However, nowhere has it been specified 

that 1 must be the entire specimen length: it could very well 
have been chosen as a very short segment right in the 
necking region. Over this small segment, elongation is 

uniform. It is experimentally difficult to measure length 
changes in a very tiny gauge length. However, Eq. 18.6 
applies to the necked region provided that the area A is the 
cross-sectional area at the most severely necked part of the 
specimen. Therefore, application of Eqs. 18.3 and 18.6 
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with the necked area taken for A permits the true 
stress—strain curve to be extended from the UTS to 
fracture (point F). The true strain and stress at fracture are 
always larger than those based on the engineering stress— 
strain cuwe. At small strains, howevet, the difference 

between the two stress–strain curves is negligible. The yield 
stress, for example, can be represented by either curve with 
no appreciable error. 

Figure 18.11 shows the knsile behavior of a typical 

austenitic steel. The primary difference between the stress— 
strain cumes in Figs. 18.10 and 18.11 is the absence of a 
well-defined yield point in Fi~. 18.11. For most metals with 
an fcc structure, the stress-strain cume continuously 
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Fig. 18.11 Stress-strain curve for austenitic steel. 

deviates from Hooke’s law as the stress is increased, and it is 

impossible to =ign a definite stress at which plastic 
deformation begins. That is, the metal does not yield in an 
unequivocal manner. Hence, yielding (or the onset of 
plastic flow) in such metals is arbitrarily considered to 

occur when the permanent strain in the tensile test is 0.2P;. 
This stress, denoted by UY in Fig. 18.11, is called the 0,2’;A 
cJf/sel yiel(i slre)zgth of the metal. 

Ductility is measured either by the amount of strain 
between the true fracture stress and the yield stress 
(c,.. – eY ) or more commonly by the total uniform elonga­

tion up to necking. E/nbrit/lc/?ze/~f means a reduction in 
either of these two measures of ductility. A brittle material 

fails when yield occurs or, in the case of a material having 
no sharp yield point, when failure occurs before 0.2C; offset 
strain. 

The rate at which deformation is imposed in the tensile 
test, or the strain rate, affects the stress+ train curves of 

Figs. 18.10 and 18.11. The yield stress is reduced at low 
strain rates because the slow moti~n of dislocations at low 
stress levels becomes sufficient to become manifest as -­
plastic deformation. In unirradiated steels, ductility is not 
significantly affected by strain rate. 

Strain rates of 0.01 rein-i are characteristic of conven­
tional tensile tests. This figure is also approximately equal 
to the strain rates induced in cladding by typical reactor 
power transients (shutdown, startup, and power cycling). 
kt’ben the strain rate in the test is reduced to 10-4 rein-] 
and the temperature is high, the test is called a creep-
rupture test. This strain rate is typical of that imposed on 
cladding by fuel swelling in the reactor. 

18.3.2	 Tube-Burst Tests—Biaxial 
Stress State 

The tensile test described above is an experimentally 

convenient way of measuring the mechanical properties of a 
metal. In addition, theoretical interpretation of the stress— 
strain cumes is simplified by tbe fact that there is only one 
nonzero component of the stress tensor, namely, the 
normal strex in the direction of the applied load. However, 
the stre% state of fuel-element cladding loaded internally 
by fission-gas pressure and fuel swelling more closely 
resembles that in a long thin-walled cylindrical tube closed 

at both ends and pressurized by a gas. Since cladding fails 
by creep rupture after long periods of being subjected to 
stresses well below the yield stress, considerable creep-
rupture testing of unirradiated and irradiated steel tubing 

has been performed by pressurizing closed tubing with an 
inert gas. These tests are called tube-burst tests. 

According to elasticity theory, the normal stresses in 

~ed tubes loaded by an internal gas pressure p are gi~en 
by (see problem 18.6) 

pI) 
u,, = —	 (18.8a)~t 

pD 
(J, = —	 (18.8b)

4t 

(Jr 2 0	 (18.8C) 

where D is the tube diameter and t is tbe wall thickness 

(t < D). The infinitesimal radial and tangential strains 
appropriate to conventional elasticity theory are (t — to )/t. 
and (D — D,, )/ D,,, respectively. The Iogaritbtnic strains 
should be used \vhen appreciable deformation occurs, The 
true (logarithmic) slrains are 

~r = 1	 (18.9a)In ()t (, 

(“,, =ln E	 (18,9b) 
()D,, 

c, =0	 ( 18.9C) 

where D() and t,, are the initial tube diameter and wall 

thickness, respectively. By varying the gas pressure, p, 
plastic deformation of the tube can be induced. Because the 
tube \vall is subject to two stress components of com­
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parable magnitude, the stress state is l)ia.~ial. To interpret 
the results of tube-burst tests, one needs to know the 
correspondence between the states of plastic s~ress and 
plastic strain for lhe uniaxial and biaxial situations. For 
example, if yield occurs in the tensile test at a true stress of 
(Jy, at what gas pressure should the tube yield? 

Y]ore generally, the criterion for yielding in multiaxial 

stress states is needed. In the tensile and tube-burst tests, no 
shear stresses are involved. In these cases the coordinates 

(x,y,x) and ( r,fj ,x) are called the principal axes, and the 
normal stresses acting on planes perpendicular to these axes 
are Lhe principal stresses. In situations where the shear 

strains are not zero, it is always po~sible tO rotate the 
conventional coordinate system (cartesian, cylindrical, and 
spherical) into another set of coordinates, called 1, 2, and 3. 
for which the shear stresses vanish, The normal stresses 

ac~ing along these axes, (J1, ~~:. and (JI, are the principal 

stresses of the system. Although no coordinate rotation is 
necessary in tb[’ tensile and tube-burst tests, the rnultiaxial 
yield criteriorl \vill be developed in terms of the principal 
SLrPSS~S, IJ, , (J J , and (J 1, and lhen specialized to the two 
cases of interest. 

In the absence of a shear stress, the elastic strain energy 
density of a deformed solid is gi~en by Eq. A.26 of the 

Appendix as 

A general yielding criterion could be based on the 
hypothesis that yielding occurs when the strain energy, L,. r, 
reaches a critical value. However, this criterion is not 

enough, because it is well known that large amounts of 
strain energy can be stored by the action of purely 

hydrostatic stresses without causing the material to deform 
permanently. Von hlises proposed that the appropriate 
strain energy is the difference between the total energy 
density of Eq. 18.10 and the energy density that the solid 
would acquire bad it been subject to the mean of the three 
principal stresses. The mean normal stress is 

(18.11) 

and the elastic-energy density arising from the hydrostatic 
stress is obtained by substituting Oh for UI , uz, and (J.I in 

Eq. 18.10, 

_l– 21)— —~(u, + U, + CJl)z (18.12) 

According to von hlises, yielding occurs when the distortion 

energy, E,. I — (Eel )1,. exceeds a critical value. This energy 
density is obtained from Eqs. 18.10 and 18.12 as 

()l+V — — ~ [(u,–rJ, )z 

+ (u, —U3)* +(U* —03)2 ] (18.13) 

In the oniaxial tensile test, (J I (J., O: = CJV= 0. and 

(J,, = (1, = O. Equation 18.13 reduces to 

l+U 
(E,,l),l = 2 GE- (J; (18,11) 

() 

tVhen the right-hand sides of Eqs. 18.13 and 18,11 are 

equated, the stress o. is interpreted as the true stress in a 
uniaxial tensile test, which is equivalent to the rnultiaxial 
stress state characterized by the principal stresses. IJ I i ~J~. 

and (J1. The cqr~iurrlctz( strr’ss is then 

(J, ,,’! = ;,; [(U, ‘(J,)’ 

+((J, ‘(Jl) 2 +((J~ ‘U])21’1 (18.15) 

To emphasize the concept of equivalent stress, we replace 

the uniaxial stress ok with the notation fJ’l’.This quantity is 
also call{’d the stress deviator because it pertains only to 
that portion of the stress system which leads to clistortion 
in specimen shape but does not include the stresses that 
contribute to volume dilatation. 

For the tube-burst test, (J I = u(), U2 = (J, = fJ~j~a, and 
(J ~ = (Jr = O. Substituting these stresses into the right-band 

side of ~~q. 18.15 gives 

3’$,J:K . -— (,,, (18.16)
2 

Equations 18.15 and 18.16 apply from the yield point tO 

fracture. ‘[’o determine the internal gas pressure that should 
cause yielding of a closed tube, we set {J:* equal to {J}, the 
tncasured yield stress in a tensile test; (J() is givt’n by 
Eq. 18.8a. Equation 18.16 then gives the pressure to cause 

yielding of the tube 

p(yielding) = ~ ~ (Jy 
~~ D 

The strain deviator analogous to the stress deviator of 
Eq. 18.15 is defined as 

z 1, 
C*= —[(C, —C2)2+(CI —E.3)2+(C2— C.3)2 1‘2 (18.17)

3 

The strain deviator, c*, is also called the equi~alerlt strain. 

The coefficient (2/3)’h arises because we want C’fito reduce 
to cl = ~. in a tensile test. Although the stress is uniaxial in 

the tensile test, the plastic strains are not. The transverse 
strains are equal to each other, but, because the material is 
incompressible in plastic flow, we have 

C,+ C2+C3=0 (18.18) 

or, with C2 = c.{ 

1 
c~=c~=——c, 

2 

and Eq. 18.17 shows that c’* = c1 = e<, as desired. 
For a pressurized tube, e, = –e,] (since e, = O), and the 

equivalent strain is given by 

6* = 2(2)’A— 60 (18.19)
3 



where C() is given by Eq. 18.9b. Tbe radial strain is difficult of the two testing methods are indeed collapsed into single


to measure during plastic deformation of a tube, but co, curves when plotted according to Eq. 18.21.


which is called lbe diajrretral .sLrain, is more accessible.

Although pressurized-tube-deformation measurements 18.3.3 Impact Testing and Transition 

can be used to generate stress—strain curves, tensile tests are Tenlperat ures 
much more suitable for this purpose. Tbe principal use of 

the tube pressurization experiments is to measure the time one of tbe major differences between the mechanical 
required to burst tbe tube under a fixed gas pressure. Since behavior of austenitic and ferritic steels is that ferritic steels 
these rupture times are generally rather long (ranging from tend to become brittle at low temperatures, whereas 
‘1 to 10,000 hr), the phenomenon is called cr(’rp ruplure. austenitic steels remain ductile to as low temperatures as it 
The diametral strain can also be measured at rupture. This is possible to reach in tensile tests, The degree of ductility 

quantity is a qualitative indication of the ductility of the or brittleness is related to the strain at fracture (the point F 
specimen. Similarly, the time derivative of the diametral in Fig. 18.10). As the temperature at which a tensile test is 
strain is a measure of the creep rate. I f steady-state creep conducted is reduced, the fracture stress becomes smaller 
(Fig. 8.22) prevails for mosl of the test, tbe rupture tinze, and eventually coincides with the onwt of yielding. 
tI{, is given by Another measure of the ability of a metal to deform 

plastically before fracture is the energy per unit volume 

(18.20) required for fracture. This quantity, which is called 
ioug/lness, is the area under the stress-train curve up to 

where CF is the diametral strain at failure and i is the creep point F in Fix. 18.10. Determining the energy of fracture 
rate, which is axumed to be constant for O ~ t t [t. by measuring and then integrating a complete stress-train 

Figure 18.12 shows typical stress-rupture curves for curve is tedious, and quicker methods, known as impacl 
type 316 stainless steel at \arious temperatures. Tbe stress tests, have been devised. These tests are not intended to 

1 10 102 103 
RUPTURE TIME (tR}, h, 

Fig. 18.12 Rupture life of unirradiated type 316 stainless steel.—, uni~xial. -- -, biaxial. (After A. J. 
Lovell and R. lV. Barker, in ASTLI Special Technical Publication 484, p. 468, American Society for Testing 
and Materials, Philadelphia, 1970. ) 

dependence of tbe rupture time can be obtained by provide an accurate measure of the true energy of fracture; 

substituting Eq. 8.46 for { into Eq, 18.20. If tbe diametral rather they can quickly and reproducibly indicate the effect 
rupture strain is considered constant for tesh at different of such variables as temperature and radiation on the 
stresses and temperatures, we obtain change in the brittle characteristics of ferritic steels. Impact 

‘f’[t~exf’(-:)l”m
tests are generally referred to as comparative tests as 

(18.21) opposed to tensile and tube-burst tests, which are designed 
to measure one or more well-defined mechanical properties 

In this equation, E is the activation energy for steady-state of the metal. 
creep. The most commonly used impact test for mild steels is 

For dislocation climb creep (See, 16.7), tbe exponent m the Charpy V-notch test illustrated in Fig. 18.13(a). A 
is ‘4, so the slope of tbe creep-rupture line on a log–log notched specimen of standard size and shape (1 by 1 by 6 
plot should be 0.2–0.3. Figure 18.12 confirms this expecta- cm3 ) is end-mounted in a bolder (shown as tbe solid 
tion. Equation 18.21 also suggests that the temperature triangles in the drawing). A hammer attached to tbe end of 
dependence of the stre~–rupture plot can be removed by a pendulum is raised to an initial height h, above tbe 
plotting the stress as a function of the product tIt exp(–E/ specimen which corresponds to an energy of 325 J at the 
kT) rather than simply t~. The compound variable is called moment of contact with the specimen. The difference 
the Dorn theta parameter, The curves in Fig. 18.12 for each between the initial and final heights of the hammer 
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INITIAL temperature is called the nil ductility temperature (NDT). 
>.- HAMMER ,. At temperatures above the NDT, the specimen bends under 

AT IMPACTFINAL ‘:>”, impact but does not break. The NDT is approximately
II 

equal to the DBTT obtained from the Charpy test. Because
II )( 

& II / I 
the small size of the Charpy test specimens make them 

9
II hl
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Fig. 18.13 The Charpy V-notch test. (a) Test setup. (b) 
Variation of absorbed energy with temperature. 

(hi – hz ) gives the energy absorbed by the specimen in the 
fracture process. When Charpy tests are performed on 

specimens at different temperatures, the absorbed energy 

(called the impact energy) varies as shown in Fig. 18.13(b). 
The impact energy increases from ‘ 15 J at low tempera­

tures to a high-temperature plateau known as the shelf 
energy, which is typically 100 to 150 J. The transition 
occurs over a rather narrow temperature range, and the 
temperature at which the impact energy is 40.7 J is 

arbitrarily used to separate the ductile and brittle regimes. 
Thk temperature is called the (fucfile–brit &/e transition 

temperature (DBTT). For unirradiated mild steels, the 
DBTT is between –50 and 20”C. 

The drop weight test illustrated in Fig. 18.14 is perhaps 

the simplest of the impact class of tests designed to assess 
the susceptibility of a metal to brittle fracture. In this test a 
bead of weld material is deposited on the bottom of a test 

plate (9 by 35 by 2.5 cms ), and a small crack or notch is 
made in the weld. The test consists of dropping a weight 
from a fixed height on top of the plate directly over the 
bead. The height of the end supports for the plate is fixed 
so that the maximum deformation of the specimen corre­
sponds to 5’J of bend. At low temperatures the specimen 

fractures in the test. As the test temperature is increased, a 
temperature is reached at which the fracture does not 
extend thrr~llgh the entire thickness of the plate. This 

easier to load into capsules for irradiation, most irradiation 
embrittlement studies are made with the Charpy test. 
However, the NDT correlates well with the DBTT, and the 
two terms are used interchangeably. 

Fig. 18.14 The drop-weight impact test 

Because of the empirical nature of the impact tests, 

neither transition temperature has a well-defined theoretical 
significance. However, changes in the DBTT or the NDT 

due to neutron irradiation can be related to fracture theory. 

18.4 THEORIES OF RADIATION HARDENING 

Over 20 years of intensive experimental effort has 
established that exposure of all metals to fast-neutron 
irradiation results in an increase in the yield strength. In 
ferritic steels this radiation hardening appea~ as an increase 
in the lower yield point. Irradiation causes an increase in 
the O.27; offset yield strength of austenitic steels and may 

even result in the development of a stress-strain curve that 
exhibits a definite yield point (i.e., the curve resembles that 
shown in Fig. 18.10 rather than ~hat of Fig. 18.11). 

Typical engineering stress–strain curves for the two 
types of steels are shown in Fig. 18.15. In addition to 
increasing yield strength with irradiation, the ductility (as 
measured either by total elongation or by uniform elonga­

tion) is reduced. The curves shown for the two types of 
steels apply only when the testing temperature is low ~less 
than one-half or two-thirds the melting point (“K), depend­
ing on the neutron fluence 1. Austenitic steels irradiated and 
tested at high temperatures show no increase in either yield 
or ultimate strength; only the ductility reduction persists 
[ bottom curve of Fig. 18.15(a) 1. When bcc metals are 
irradiated and tested at high temperatures, the strew= train 
curve of the unirradiated material is completely recovered. 
Whatever radiation-produced defects are responsible for 
strengthening and the loss of ductility are removed by 

annealing proceses at high temperatures. 
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6. Cavities (voids and helium bubbles). 
7. Precipitates (in the case of stainless steel, Mz ~C6 

carbides or intermetallic phmes). —. r Unlrradia[ed 

\ 
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Fig. 18.15 Effect of fast-neutron irradiation on the tensile 
properties of reactor steels. (a) Face-centered cubic struc­
lure. (b) Body-centered cubic structure. 

For both the austenitic and ferritic steels, irradiation 
increases the yield strength much more than it does the 

ultimate tensile strength. ‘l’he approach of the yield 
strength to the UTS as a result of irradiation is responsible 
for the ductility loss. The upper curve in Fig. 18.15(b) 
shows a case in which the yield and ultimate strengths 
coincide. When this occurs, there is no uniform elongation, 
and necking begins as soon as the specimen departs from 
the line representing elastic straining. In the bcc metals, 
when the testing temperature is low enough and the 
irradiation exposure large enough, there may not even be a 
region of necking deformation; the specimen can fracture 
while still on the elastic line. Such specimens are totally 
brittle. 

Radiation hardening in both fcc and bcc metals is 
attributed to the production by radiation of various defects 
within the grains. Defects produced by neutron irradiation 
of metals include 

1. Point defects (vacancies and interstitial). 
2. Impurity atoms (atomically dispersed transmutation 

products). 

;3. Small vacancy clusters (depleted zones). 
4. Dislocation loops (faulted or unfaulted, vacancy or 

interstitial type). 

5. Dislocation lines (orrfau]ted loops that have joined 
the dislocation network of the original microstructure), 

In this section theories that predict the increase in 
strength due to defects 3 through 7 in the list are presented. 
Point defects and impurity atoms are believed to contribute 

negligibly to hardening compared to the effect of the larger 
defect clusters. 

Radiation strengthens a metal in two different ways: 
(1) It can increase the strex required to start a dislocation 
moving on its glide plane. Resistance to dislocation startup 
is called SOUI(,C har[fetlittg, The applied stress required to 
release a dislocation into its slip plane is called the 
ullpillr~i~lg or a12/ochilzg stress. (~) once moving, dislocation 
can be impeded by natural or radiation-produced obstacles 

close to or lying in the slip plane. This is called /}icliorz 
har(lerzirzg. 

18.4.1 Source Hardening 

In unirradiated fcc metals, the stress required to initiate 
dislocation motion can be identified with the unpinning 
stress of the Frank–Read sources in the metal (Eq. 8.16), 
which is inversely proportional to the distance between 

pinning points, 1 The gradual onset of yielding characteristic 
of this class of metals can be explained by the distribution 
of stresses required to operate the sources. At low applied 
stres, 1he sources easiest to operate (i.e., those with large 
separation between pinning points) generate dislocations. 
Plastic strain ceases \vheo pileups produce a back stress on 
the sources which stops their operation, As the stress is 
increased, more dislocation sources operate and tht, strain 
increases. The multiplication of dislocations in the c~stal 
causes tangling of the moving dislocations, and additional 
applied stress is necessary for parallel dislocations to mo~’e 
past each other or for nonparallel clislocations to cut 
through each other, This process of work hardening causes 
the smooth increase in stress as a function of strain 
illustrated in Fig. 18.11. 

Although source hardening is not found in unirrddiated 
fcc metals and alloys, this phenomenon is common in bcc 
metals in the unirmdiated state. Source hardening is 
manifest by upper and lower yield points in the stress— 

strain curve. Unirradiated ferritic steels show this effect 
quite clearly [ Figs. 18.10 and 18.1 5(b) 1. In fcc metals the 

yield drop that indicates the presence of source hardening is 
observed only after irradiation [ Fig. 18.15(a) 1. The de­
velopment of source hardening in irradiated fcc metals is 

probably due to the irradiation-produced defect clusters in 
the vicinity of Frank—Read sources. These obstacles ydise 
the stress required to expand the loops and to permit 
multiplication to continue, which is tantatnount to increas­

ing the stress required to operate the source. once the stress 
level is sufficient to release the source, the moving 
dislocations can destroy the small defect clusters (loops) 

and lhus reduce the stress needed to continue deformation. 
Therefore, a yield drop similar to that observed in 
unirradiated ferritic steel is found in irradiated austenitic 
steel but for a quite different reason. (The origin of source 
hardening in unirradiated ferritic steels is discussed in 
Sec. 18.12. ) 
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18.4.2 Friction Hardening PORTIONS OF DISI OCATION” 

NE TL\lOF{K RESPONSI[3LE FoR 

The forces responsible for resisting the motion of a 
10NG IIANGE ST RESSESm 

dislocation through the cWstal can be characterized as long 
range or short range. The total applied shear stress 
tlecessary to more the dislo(:aliorr is the sum of the 

long-range and short-range stresses: 

(Jl [Jl>[{ + (J, (18.22) 

where o, is the friction stress and the subscripts LR and s 
represent the long-range and short-range contributions, re­

spectively. An increase in o, due to irradiation, to work 
hardening, or to aging is termed friction hardening. The 
friction stress is roughly equal to the true stress at any point 
in the plastic deformation region of the stress—strain plot. 

1.()
ng-~(angc S[rcsscs


The long-range forces~ arise from the repulsive interac­
tion between the moving dislocation and the components 
of the dislocation network of the solid. Although the 

dislocation net\vork of a metal does not resemble a regular 
array, it is often represented as a series of cubes the edges 
of which are formed of dislocation lines. Figure 18.16 
shows such an idealized dislocation network with a loop on 
a glide plane parallel to the top and bottom Paces of the 

cube. The long-range forces are due to the interaction of 
the stre= fields of the dislocation forming the loop and of 
the network dislocations that make up the edges of the top 
and bottom planes of the cube. which are parallel to the 
loop. Fur simplicity, assume that the interaction forces 
between the loop and the network dislocations parallel to it 

can be approximated by the force between parallel edge 
dislocations (Eq. 8.24). Setting fx(() ) equal to its maximum 
value of 1/4, taking 1 — v N 1/2, and approximating the 
distance between the loop and the nearest parallel network 
dislocation as one-half the cube side (y ~ 1/2), we oblain 
the long-range force on the moving dislocation, 

The strex needed to o~rercorne this force is F,, IL‘b: thus, 

Gb 
(18.23)

“1’1{ 2ril 

The dislocation network depicted in Fig. 18.16 is the same 
as that employed in the BUBL swelling code (Sec. 13,12). 
From Eq. 13.280, the length I is related to the dislocation 
density p,] by 

(18,24) 

Any process that increases the dislocation density of 

the material (e.g., cold working, unfaulting of radiation-

produced prismatic loops, or work hardening) decreases I 
and increases the long-range stress on mobile dislocations. 

In addition to dislocations in the network, pileups of 
dislocations on slip planes parallel to the slip plane of an 
expanding loop can exert long-range forces capable of 
resisting and even stopping motion of the mobile disloca­
tion (Fig. 8.18). 

J\JN(-TION 1 e 
‘[ xPAN[)IN(; 1O(IP 

Fig. 18.16 Nlodel of the dislocation network in a solid. 

S17ort-Range Stresses 

Short-range forces are due to obstacles that lie in the 
slip plane of the moving dislocation (these represent what 
are called plafta) I]arricl-.s). ‘t’he short-range forces are active 
only when the moving dislocation comes very close to or 
contacts the obstacle. Such obstacles exert a force on the 
moving dislocation only at the point of contact. Short-
range forces can be further subdivided into atbermal and 

thermally activated components. An athermal stress com­
ponent is one whose magnitude is independent of tenlpera­
ture. Athermal mechanisms normally involve bowing of a 
dislocation around an impenetrable obstacle. In a thermally 
activa~ed process, overcoming the obstacle usually requires 

that the moving dislocation cut through or climb over the 
barrier in its path, Inasmuch as passage of a dislocation line 
through or over an obstacle requires energy that can be 
partly supplied by thermal fluctuations, the thermally 

activated component of the short-range stresses decreases 
with increasing temperature. 

The friction stress due to a dispersion of barriers 
depends on the average separation between the obstacles in 
the slip plane of the movinz dislocation (not the average 
separation between obstacles in three dimensions). Figure 
18.17 shows a unit area of a slip plane that is intersected by 
portions of spherical objects of radius r which are randomly 
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Fig. 18.17 The intersection of spherical obstacles with a 
slip plane to form an array of planar barriers. 



distributed throughout lhe solid at a concentration N cm-s. 
Any sphere that has its center within the slab of volume 2r 
centered on the slip plane intersects the slip plane. The 
number of obstacles in this volume element is 2rN, which is 
atso the number of intersections per unit area on the slip 
plane. Since the inverse square of the average obstacle 
spacing along the slip plane (l-z) is equal to the density of 
intersections on the plane, we have 

,=L (18.25) 
(2rN)’i 

18.5 HARDENING BY DEPLETED ZONES 

At low temperatures and low fluences, lhe main 
microstructural effect of the neutron irradiation of steel is 

the production of depleted zones. The irradiation condi. 
tions that result in depleted-zone damage exclusively are 
most likely to be found in the region of the reactor pressure 
vessel. Core components are subject to high-temperature 
and high-fluence conditions that produce the larger defects 
listed at the beginning of Sec. 18,4. However, hardening 
due to depleted zones has been observed in both austenitic 
and ferritic steels at low temperature and low fast-neutron 
fluence. The effect of the depleted zones on mechanical 
properties can be classified as friction hardening of the 
short-range thermally activated type. A theory proposed by 
Seeger3 for the radiation strengthening of metals due to the 
formation of depleted zones is reviewed in this section. 

A dislocation line wending its way through a metal 
containing a uniform distribution of depleted zones is 
pressed against a number of these obstacles at all times. The 
plane of the drawing in Fig. 18,18(a) represents the slip 
plane of the dislocation, which is shown as the solid line 
pressed against the obstacles A, B, and C under the 
influence of tbe applied shear stress. According to Eq. 
18.22, the net stress available for moving the dislocation 
through the metal is the difference between the applied 
stress (u, ) and the stress necessary to move the dislocation 
against the long-range forces of the dislocation network 

naturally present in the solid (01, ,<). Thus, the dislocation 
segments between obstacles A, B, and C are acted on by a 
shear stress o, = (r, — ~JI<~1. Because of this applied stress, 
dislocations move through the field of obstacles and 
thereby produce a macroscopic strain rate t in the solid. 
However, the motion of each dislocation line is jerky rather 

than smooth, and the entire dislocation line does not move 
at the same time. The line progresses from the left to the 
right in Fig. 18.18(a) as points on the dislocation line cut 

through obstacles one at a time. Thus, the line is held up at 
points A, B, and C; but, with tbe help of thermal 
fluctuations, enough energy can be supplied for the line to 
penetrate the obstacle at B. When this event occurs, the line 
quickly moves to the position shown by the dashed line, 
where it is pressed against obstacles A, D, and C. The area 
of the slip plane sheared by this elementary step is shown as 
the dotted zone. 

In general, the distance 1,, between pinning points is 
greater than the average separation of obstacles in the slip 
plane (1 given by Eq. 18.25). The distance that the 
dislocation advances when the obstacle B is cut is denoted 
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Fig. 18.18 A dislocation line pressed against depleted 
zones in its slip plane. A, B, C, and D are pinning points. 

by h in Fig. 18.18(b). In any array of points on a plane, the 
larger l,, is, the smaller h is. In fact, the distances 1, 1,,, and h 
are related by (see problem 18.3): 

12= hi,, (18,26) 

The value of l,, is determined by the requirement that 
the curvature of each segment of the dislocation line 
between pinning points is at all times fixed by the balance 
between line tension of the dislocation and the net applied 
stress. Equation 8.15 shows that the radius of curvature of 
the line under applied shear stress OXV= o, is 

.#=y 
s 

The geometry of Fig. 18.18(b) shows that 

Combining the preceding three equations and ~suming 
h12.~@ 1, we obtain 

2Gb12 ‘6](, = –.. (18.27)
OS()

According to this formula, the dislocation line adjusts its 

orientation in the slip plane according to the applied stress; 
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it selects positions where the separation between pinning 
poink satisfies Eq. 18.27, The means by which this spacing 
is attained is illustrated in Fig. 18.18(c), which shows the 
shapes assumed by the line when the actual pinning point 
spacing Ii does not satisfy Eq. 18.27. 

When 1: c 10, the equilibrium bowing of the line after it 
cut-s tbe obstacle B is shown as the dashed line in Fig. 
18.18(c). In this case, the next obstacle, f), is not reached. 
Because the line remains between tbe points B and D, the 
value of Ii effectively has been doubled, a change that is in 
tbe proper direction for rectifying the inequality lb ‘ 10. 

When l; > 1(,, the dislocation line bows out and touches 
obstacle D before cutting obstacle B. Therefore, ADBC, not 
ABC, is the stable configuration of tbe line before any 
obstacle is cut, In the solid curve shown in the figure, 1: is 
approximately equal to the distances AD or BD, both of 
which are smaller than the original 1: = AB. Again, the line 
rearranges its position in a manner that tends to drive the 
interobstacle distance toward the value expressed by Eq. 
18.27. 

There is a stress above which Eq. 18.27 is no longer 
valid. When (J, is large enough for 1(, = 1, Eq. 18.27 shows 
that U5 = 2[;bl. We shall see later that this stress is tbe 
critical stress at which a dislocation line can move through 
an array of obstacles solely by bowing around them. 
Cutting through the obstacle is no longer a prerequisite to 
motion. 

We next compute the shear strain rate due to tbe type 
of dislocation motion described above. The strain rate is 
given by Eq, 8.21: 

where p is the density of mobile dislocations (total 
dislocation density less the density of dislocatiorls conl­

prising the immobile network) and v{, is the velocity of the 
moving dislocations. This velocity is 

V,] -hl’mll’ (18.29) 

where I’ is the probability per unit time that one segment 
cuts through an obstacle against which it is pressed. For the 
purpose of computing tbe dislocation velocity, the distinc­

tion between 1 and 1,, bas been neglected. If I N 1,,, Eq. 
18.26 shows that h m 1. 

The culting frequency 1’ is calculated by analogy to the 

jump frec]uency of an atom jumping from one equilibrium 
site to another over the saddle-point energy barrier. To 
penetrate an obstacle, the segment of the dislocation line in 
contact with the obstacle must acquire an activation energy 
U’K, which is supplied by thermal fluctuations. The disloca­
tion line at the obstacle can be imagined to be vibrating 
with a frequency u, striking the obstacle at each vibration, 
The fraction of the vibrations sufficiently strong to 

penetrate the obstacle is, by analogy to tbe atomic 
jump-frequency formula (Eq. 7,41), given by 

(18.30) 

. 
Substituting Eqs. 18.29 and 18.30 into Eq. 18.28 gives the 
strain rate: 

()U* 
E = plbz~ exp – — (18.31)

kT 

The depleted zones are modeled as spheres each of 
radius r (equal to ‘1O i). Tbe energy U* is the energy 

required for the dislocation to cut through the approxi­
mately circular region on tbe slip plane which is intersected 
by tbe spherical depleted zone. The shaded circles in Fig. 
18.17 depict these intersections. In the absence of applied 
stress, the variation of tbe energy with the distance of 
penetration of the line through the zone resembles the 
sketch shown in Fig, 18,19(a). The energy rises by an 
amount U{) from the point of contact of the line and the 
zone to the point at which cutting is complete. The average 
radius of the circle of intersection of tbe depleted zone and 
the slip plane is smaller than the radius of the spherical 
zone proper because tbe slip plane in general does not pass 
through the center of the depleted zone (Fig. 18.17). The 
average radius of the circle of intersection of the zone and 
tbe slip plane is (see problem 10.5) 

/ - 1.”\ 

(18.32) 

At any point –r’ x : r’, the force resisting dislocation 
motion is —d U/dx, 

When an applied stress acts on the slip plane, the energy 

profile is altered as shown in Fig. 18.19(b). Tbe shear stress 
exerts a force of magnitude (J,b per unit length of 
dislocation line in the +x-direction. Sjnce the obstacles are 
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Fig. 18.19 Energy profiles of a dislocation line cutting 
tbrougb a depleted zone. (a) No stress. (b) Shear stress in 
the x-direction. (From Ref. 3.) 
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separated by a distance 10, the force exerted by the applied 
stress on each obstacle is uSb10. Let U(x,u, ) be the shape of 
the energy profile in Fig. 18.19(b) and U(X,O) be the shape 
in the absence of applied stress. When a stress is applied, the 
force at even point during penetration is given by 

–:xU(x,u. ) = – : U(X,O) + osblo 

That is, the force in the absence of the stress (the first term 
on the right-hand side) is reduced by the contribution of 
the applied stres (the !ast term). Integrating this equation 
gives 

u(x,u, ) = U(X,O) – o.blox + constant (18.33) 

Inspection of Fig. 18.19(b) shows that the energy barrier to 
penetration with an applied stress is reduced from UO to 

U* = U(r’,us) – U(–r’,os) (18.34) 

To calculate U’~, we must know the energy profile of 
Fig. 18.19(a), Seeger assumes it to be of the form 

1 
U(X,O) = U,, 1 – (18.35) 

[ 1 + exp (x/r’) 1 
The exact functional form of U(X,O) is not important: it 
simply must have the approximate shape of the curve 
shown in Fig. 18.19(a), which Eq. 18.35 has. Substituting 
Eq. 18.35 into 18.33 and forming the difference on the 
right of Eq. 18.34 yields the following expression for U* 
(see probletn 18.3 for details): 

,, 

(18.36) 

When tJ~ is large enough to render the right-hand term in 
the parentheses of this formula larger than unity, the 
dislocation can cut through the depleted zone without any 
assistance from thermal fluctuations. The stress (J; at which 
the term on the right in the parentheses is equal to unity 
reduces the barrier height U’~ to zero. Thus, (J: represents 
the stress required to move dislocations through the 
obstacles at O’JK. CIsing Eq. 18.27 for 1(,, Eq. 18.32 for r’, 
and Eq. 18.25 for 1, we find 

U() 32 1 N’2~:=p —. (18.37)
‘2
 b2G” r 

1 ;
[01

where o: is the maximum frictional hardening due to 
depleted zones of radius r present in the solid at a 
volumetric concentration N. 

The effect of temperature on depleted-zone hardening 
can be obtained by solving Eq, 18.31 for UK and equating 
the result to the right-hand side of Eq. 18.36. hlliminating 

l., r’. and I as before, we obtain 

(18.38) 

where u; is given by Eq. 18.37 and T. is a characteristic 
temperature given by 

u. 
TC = ( 18.39) 

k In [pbu)/(2rN)’h] 
— 

and is not truly constant because it depends on the strain 
rate ; at which the metal is deforming and on the 

concentration of depleted zones, N, which increases with 
irradiation time. However, these quantities appear in a 

logarithmic term, and the effect of their variation on TC is 
small enough to be neglected. 

The stress (J, of Eqs. 18.37 to 18.39 represents the 
radiation hardening due to depleted zones. At temperatures 
below ‘350”C in steel, USis manifest experimentally as the 
increase in the yield point due to irradiation on the 
stress—strain cumes shown in Fig. 18.15. The hardening 
effect given by Eq. 18.38 decreases with increasing tem­
perature and disappears entirely for T > TC. At tempera­
tures around 350°C in steel, depleted-zone hardening 
decreases even more rapidly with increasing temperature 
than the prediction of Eq, 18.38. In the postirradiation 
tensile tests that are usually used to measure hardening, 
high testing temperatures cause annealing (i.e., destruction) 
of the depleted zones, which results in a decrease in N with 
increasing temperature. 

Seeger’s theory has been verified experimentally.4 
Figure 18.20 shows the frictional hardening effect of 
Iow-fluence low-temperature neutron irradiation on copper 

and nickel. Both sets of data are plotted on coordinates 
suggested by Eq. 18.38. The predicted linear relationship 

between (u. )$ and T2~ is exhibited with high precision by 
copper. The cume for nickel, h(~wever, shows two distinct 
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Fig. 18.20 Irradiation hardening c)f copper and nickel 

plotted according to Seeger’s theory. Fluence, 7 X 101 “ 
neutrons/cm2; irradiation temperature, 100°C; test tem­
peratures, –200 to 200” C. (From Ilef. ~.) 



linear segments, ~vhieb suggests that two types of depleted 
zones are created by irradiation. The lype that pre­
dominates at low temperature (type A) apparently has a 
lower (1(,, and hence lower TC, than does type B (see 
Eq. 18.39). ‘I’(J a first approximation, U,, can be considered 
to be proportional to the area of Lhe circle of intersection 
of the depleted zone ~vith the slip plane, or U() CI r~ 

However, type A zones must be created more frequently by 
neutron collisions with the metal lattice than type B zones, 
since the hardening at O K is greater for type A than type 
B. In general a spectrum of zones with continuous 
distributions of size r and energy barrier U(, is probably 
forrnecl by irradiation. 

Additional support for Seeger’s theory has been ob­
tained by comparing hardening due to neutrons and l-MeV 
electrons. < The irradiation temperature and the range ot’ 

tensile-test temperatures were identical for both types of 
radiation, and the doses were adjusled to produce the same 
number of Frenkel pairs as calculated by simple cascade 

theory ((~hap. 17). ‘1’he hardening due to electrons was 
found to be \ery small compared to that from neutruns. 
(Tsing the two.body kinematics appropriate to relativistic 

electrons, we can show that each -i-hleV electron can 

transfer a maximum of 66 eV to a copper knock-on. 
Accorcling t<) the Kinehin —Pease model, this energy transfer 
produces a cascade consisting of only two or three 
members. Thus rfisplacement spikes (or depleted zones} 
cannot be formed by electron irradiation, and the dama;~” 
consists of isolated vacancies and interstitial. ‘1’hese defects 
anneal c)ut at veW low tempemtures (interstitial are mobile 
at a few tens of K). By way of contrast, the depleted zones 
are thermally shble up to ‘350”K. In addition, isolated 
point defects are not as efficient strengtheners as is a 
vacancv cluster. The virtual absence of radiation hardening 
due to electron irradiation supports the hypothesis that the 
depleted zones are real and are responsible for strengthen­
ing of metals at low temperatures. 

18.5.1 Saturation of Radiation Hardening 

According to Eq. 18.37, (J. should increase as (N) ’j. In 

the absence of mechanisms of destruction of the depleted 
zones, N is proportional to the total neutron fluence, and 
the theory at this stage predicts that 

OS ~ (lI)t)’$ (18.40) 

Two models have been proposed to explain the observa­

tion that hardening does not follow this formula at high 
fluence. Both of these theories introduce proceses that 
remove depleted zones and thereby permit a steady-state 
value of N to be attained at large ffuence. 

18.5.2 Makin’s Theory 

Makin and Minter4 postulate the existence of a volume 
v around each depleted zone within which no new zone can 
be formed. This notion appears to be contrary to the 

computer experiments simulating radiation damage, which 
showed that cascade overlap causes the zone to grow ( Fig. 
17.30). However, a single large zone created by, say, n 

displacement spikes in a localized region can be a Iex 

effective hardener than n smaller, isolated zones. 
To predict the increaw of the depleted-zone concen~ra­

tion with tluence, the rate of production of zones must be 
estimated. There are X S {J] neutron c[~llisions cm -3 S(>c-I 

with lattice atotnsl where X. is the macroscopic scattering 

cross section and (1) is the total fast flux. If the average 
fast-neutron energy is 0.5 MeV (typical of FBR spectra) 
and A = 56 (iron), Eq. 17.114 shows that the average 
energy of the knock-ons is -ZO kev. The depleted zone 

responsible for radiation hardening is believed to be 
restricted to clusters containing 10 or more vacancies. The 
distribution of vacancy-cluster sizes resulting from knock­
ons of 20 keV is shown in Fig. 17.29(b). The number of 
point rtefects included in the cluster distribution shown in 

this figure is ‘200, of which ‘5”;, or ‘1O vacancies, are 

contained in a cluster of ‘ 10 members. Therefore, one 

cluster containing more than 10 vacancies is formed by the 

average fast-neutron collision in iron. The time rate of 
change of the density of clusters of this size is given by 

dN ==~~.[]) (1 — vN) 
dt 

where Q is the number of clusters (zones) created per 
neutron collision, It is approximately unity. The term in 
parentheses represents tbe fraction of the solid volume 
which, according to hlakin’s theory, is available for the 
creation of new depleted zones. The fraction VN of the 
volume is inactivated by the presence of the depleted zones. 

Integration of the pre(eding differential equation yi(~lds 

N = ~ II – exp (–avX,’IJt)l (18.11) 

which, when used in Eq. 18.37, predich 

The capture volume v has been estimated from radiation-
hardening data to be between 50 and 80 \ equivalent 
spherical diameter. 6 This size can be compared with tbe 
estimated 20-, \ d iamet.er of the depleted zone proper, 
which occupies the center of the capture volume, 

18.5.3 Thermal Annealing of Depleted Zones 

We have mentioned that thermal annealing is a potential 
mechanism for destroying depleted zones. I)ollins7 has 
presented an analysis of depleted-zone dynamics which 
includes thermal annealing. The object is to predict the 
concentration of depleted zones as a function of neutron 
fluence and temperature. It is assumed that one depleted 
zone of radius R() is formed per neutron collision with a 

lattice atom. Once formed, the zone serves as a sink for free 
vacancies and interstitial atoms that are created along with 
the depleted zones in the collision cascade. Because the 
zone can absorb point defects that reach it by diffusion, 
there will be a size distribution of zones, N(R,t), at any 
time t during irradiation. The conservation of depleted 
zones can be formulated in a manner similar to that applied 
to determine the size distribution of fission-gas bubbles in 
the fuel, which grow by absorption of atomically dispersed 
xenon and krypton (Sec. 13.9). This type of conservation 



statement, which focuses on a fixed particle-size interval 
and equates the difference in fluxes across the boundaries 
of the interval to lhe time derivative of the particle 

concentration, is appropriately Wrmed Euleria)l. [n many 
cases an equally acceptable conservation principle can be 
formulated in a [ag)a~~ghri manner by following a small 
group of particles from the time they are created up to 
current time. The size of the particle as it ages is 
determined by a growth law, dR ~dt, which is appropriate to 
the particular system. Fur example, the growth law for a 
cavity in a solid supersaturated with point defects is given 
by Eq. 13.171. This growth law can be applied to the 
depleted zones:’* 

The very low equilibrium interstitial concentration permits 
C,R to he neglected, The vacancy concentmtion al the 
surface is obtained by treating the zone as a small void. for 
which the Cult is obtained from Eq. 111.176 with the 
internal-gas-pressure term neglected:t 

Combining these equations yields 

The steady-state point-defect balances that serve to fix 
CV and C, are similar to Eqs. 13.186 and 13.187. For this 
calculation the defect production rates are determined in 
the following manner. Because some of the vacancies 
produced in the collision cascade initiated by a fast neutron 

are contained in the depleted zone formed at the same time 
as the free point defects, the yield Y,, is replaced by ~i 
interstitial and L),, free vacancies per primaw knock-on 

atom (PKA). These quantities are related to the size of the 

nascent depleted zone (only one is a%sumed formed per 

neutron collision) by 

vi = 1)” + (18.44) 

*ln the growth law used by Dollins, ” the second term 
in the brackets appears multiplit>d by R/aC,, where a,, is the 
lattice constant. This difference arises from the assumption 
of reaction-rate-controlled vacancy capture by the depleted 
zone instead of the diffusion-limited capture assumed in 
this equation. Comparison of Eqs. 13,70 and 13.95 shows 
that these two limiting rates differ by a factor of R/a,,. The 
interstitial capture rate by the zone (the first term in the 
growth law), on the other hand, is taken by Dollins to be 
diffusion controlled. For consistency, we will assume 
diffusion-limited kinetics for both types of point-defect 
capture by the depleted zones. The mixed control formula, 
Eq. 13.96, is probably most appropriate because of the 
small zone radii but, for simplicity, will not be employed. 

t’The argument of tbe exponential term of C,,R in 
Dollins’ analysis’ is the difference between the vacancy-
formation energy and the binding energy of a vacancy to 
the depleted zone. If the zone is large enough to be treated 
as a macroscopic cavity, the capiliarity formulation used 
above is applicable. 

\vhere v, is computed from isolated cascade theory (e. g., the 
Kinchin–Pease model) and reduced by the \acancy ­
interstitial annihilation that takes place during cascade 
formation. In Doll ins’ analysis L), is estimated to be 1()’~ of 
ttle Kinchin-Pease value. 

The PKA production mt,e on the left in Eqs. 1:;.186 and 
13.187 (i.e., what has been termed ~ when the bombarding 
particles are fission fragments) is written as XS’1), the 
fast-neutron collision densitv. 

The numbers Zi and Z, in Eqs. 13.186 and 13.187 are 
given by the last terms of Eqs, 13.182 and 13.183. 
Neglecting the first terms on the right-hand sides of these 
formulas is equivalent to assuming that point-defect ab­

sorption by dislocations is purely diffusion controlled. The 
dislocation-core radius is assumed to be the same for 
vacancies and interstitial (i.e., Zi = ZV = Z). 

The interstitial supersaturation is a&SLlm~(] large enough 
to neglect C;[) compared to C,. 

Finally, Eqs. 13.186 and 13.187 are supplemented by 
additional terms representing the absorption of point 
defects by the depleted zones. and the point-defect 

balances become 

+ k,vc, c, 

+ ~,K’’4nDlRC, N(R,t) dR (18.45a) 

R,, 
Cv –C; [l) + k, VC,C$, + s 4fiD\ R 

() 

2y21
xc,–C$q e~p –-~~i N(R,L) dR (18,45b) 
[ ( )1 

The integrals are terminated at R = R{) because the 
zones shrink rather than grow; so the newly created zones 

are Lhe largest in the distribution. 
The size distribution of depleted zones can be deter­

mined as follows. The zones in the size range R to R + dR 
at time t are those which were created (at size R~)) in a 
previous time interval d? at ~, or 

N(Rjt) dR = ~~’1) dr (18.46) 

This conservation statement is equivalent to conserving 
depleted zones in a fixed size range (e.g., by adapting Eq. 

13.196 to depleted zones). Using the preceding reaction, we 
obtain the distribution function: 

The shrinkage law is employed to determine the ratio of the 
intervals dr and dR (i.e., the Jacobian of the transformation 
between R and ~). The value R, which is the radius at time t 
of a zone created at time T, can be obtained by integrating 

Eq. 18.43 provided that only the steady-state situation is 

considered. In this case Cl and C, are constants and R is a 
function of R alone. Integration yields 

(18.47) 
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Differentiating lvith respect to R yields 

ar — 1— 
l-ldR ~ ‘- R 

and the	 distribution function of zones at steady state is 

~,(l) 

N(R) =––R 

Note that analytic integration of the shrinkage law cannot 
be performed in the unsteady state when C, and CV are time 
dependent. 

Subtracting Eq. 18.45h from Eq. 18.45a and using Eq. 
18,44 yields 

\~, 1,()4 -\.- irR:	 ~ = Zoci I [)lc, – Dv (c, – C:[’) I 
3 . . 

Substituting Eq. 18.48 into this equation, we find that the 
left-hand side is identical to the second term on the right, 
which leads to the following relation between C, ancl C, : 

D, C,–	 D, (CV– C:’l) =0 (18..49) 

and Eq. 18.~18, after the exponential term is expanded in a 
two-term Taylor series, simplifies to 

Y,{I)R2 
N(R)=- (18,50) 

r),c;’’!l~ ( Z? ’k’r) 

The total density of depleted zones at steady state is 
obtained by integrating the distribution N(R), 

(18.51) 

If desired, the concentrations C, and C, can be determined 
by inserting Eqs. 18.49 and 18.50 into either of the 
point-defect balances (Eq, 18.45a or Eq. 18.45b) and 
solving for one of the point-defect concentrations. Equa­
tion 18.49 then determines the other. 

Dollins7 treated the unstead}’-state case of depleted-
zone formation and annealing, of which the preceding 
analysis represen~s the limit as t ‘ -(saturation). The 
variation of the depleted-zone concentration according to 
[)ollins’ thermal-annealing moclel is compared with hlakin’s 
capture-volume mechanism ( Eq. 18.41 with a capture 
volume equivalent to a 75-,1 diameter sphere) in Fig, 18.21. 
The agreement between the saturation-zone densities pre­
dicted by the two methods is somewhat fortuitous, 

inasmuch as the N(m) predicted by Makin’s theory is 
inversely proportional to tbe cube of tbe capture-volume 
radius. Even with v taken to give approximately equal 
saturation concentrations from the two models, the 
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Fig. 18.21 Approach to saturation of the concentration of 
depleted zones in an irradiated metal. For Llakin’s model 
tbe capture volume has been assumed to be 75 ~i in 
diameter. Tbe following parameters were used in Dol[ins’ 
computation: DV = 0,38 exp (—l17,0001RT) cm2 Isec; I)i = 
7.5 X 10-4 exp(-29,000/RT) cm2 Isec; r(l = 3.23 ,\;fl = 24 
.\’; 2, = 0.16 cm”] : C;’( = exp (–llY,ooo/R’r)/il 
(In-3; R,, = 7.95 }; (l) = 1014 neutrons cnl-z Sec-1 , 
‘I’= 573°K: Pd = b X ]01 “ cI1l ‘2 ; y = 250 dynes/cm; and 
[), = 90. Activation energies in Jimolc. 

thermal-annealing analysis predicts a much slower approach 
to saturation than does Makin’s simpler model. The reason 
for this is the built-in time lag in tbe annealing calculation 
due to the necessity of diffusing point defects to the zones 
to make the zones shrink. Llakin’s capture-volume calcula­
tion. on the other band, provides a mecbanisrn for 
instantaneous reduction in the rate of zone formation. 

The thermal-annealing computation is extremely sensi­
tive to the value of R,, selected. The N(m) is temperature 
insensitive in hlakin’s analysis hut is very sensitive to 
temperature if thermal annealing is responsible for 

depleted-zone destruction. A drastic drop in tbe stearfy ­

state concentration of zones is calculated to occur between 
300 and 450C’C, although this result is also highly de­
pendent on input parameters in tbe annealing analysis. 

18.6	 HARDENING BY IMPENETRABLE 

OBSTACLES—PRECIPITATES 

AND VOIDS 

often the barriers that lie in the glide plane of a moving 

dislocation cannot be cut by the dislocation as could tbe 
depleted zones. A dislocation line moves through a field of 
impenetrable obstacles by bowing around them. The 
increased strength produced by obstacles of this sort is 
often exploited in the metal treatment called precipitation 
hardening. Neutron irradiation can precipitate M~ .{Cc, 
carbides or hard interrnetallic phases consisting of the major 

components of steel (e.g., tbe sigma phase). 
There is usually a misfit between the precipitate particle 

and the matrix in which the particle is lodged. If the 
precipitate volume is larger than the metal it replaced, the 
particle acts as a point center of compression and creates a 
stress field in the surrounding solid. A dislocation “feels” 
the presence of such a particle (which is called a cohe~etlf 



precipitate) via the stress field before actual contact is 
made. On the other hand, if the precipitate occupies a 
smaller volume than the material that has been replaced, 
there are no internal stresses in the solid around the foreign 
particle. For these incolzerent precipitates, the dislocation 
must physically contact the particle before the inte~action 
force is appreciable. 

Figure 18.22(a) illustrates a mechanism by which a 
.. . .

moving ctlslocatlon line (or a portion of an ‘expanding 
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Fig. 18.22 Passage of a dislocation through an array of 
barriers intersecting the glide plane of the dislocation. (a) 
Precipitate particles. (b) Cavities (voids or helium bubbles). 

dislocation loop) negotiates an array of precipitate particles 
in its glide plane. Four stages of the process are shown in 
the drawing. Having been stopped by the particles ( 1), th(, 
line bows out between contact points because of the 
effective stress, which is the applied shear stres less the 
internal stresses due to long-range forces (2). When the 
applied stress is high enough to result in a radius of 

curvature of the bowed segments which is equal to one-half 
the interparticle spacing, tbe semicircular sections on either 
side of a particle meet (3) and pinch off, in much the same 

manner as a Frank—Read dislocation source operates 

(Fig. 8.13). The final state (4) is a free dislocation line and 
precipitate particles surrounded by small dislocation rings 
left as debris of the interaction. 

At the pinch-off point, R in Eq. 8.15 is 1:2, and the 
stress needed to force passage of a dislocation line through 
the obstacle array is: 

2Gb 
u, =—- (18.52)

1 

The factor of 2 arises because the line tension of the 
dislocation has been taken as Gb2. Had the line tension 

been given by Gb2 /2, the factor of 2 would not appear. The 
particle-separation distance on the glide plane, 1, is given by 
Eq. 18.25, in which N is the volumetric concentration of 
precipitate particles and r is their radius. 

Equation 18.52, which is called the orowan stress, is 
the largest possible resistance to dislocation motion for an 

array of barriers of planar spacing 1. It has been derived 
assuming a regular pattern of obstacle intersections with the 
glide plane. If the array were rdndom (as it actually is), the 
orowan stress would be reduced by ‘20’{. This reduction, 
however, is less than the factor of 2 uncertainty in the 
numerical coefficient of Eq. 18.52. 

Passage of a mobile dislocation line through solid 
containing cavities (voids or helium bubbles) that intersect 
the glide plane is sholvn in Fig. 18.22(b). The only 
difference between the precipitate particles and the cavities 
as obstacles is that the bowed arcs of the dislocation line 
meet the surface of the cavity at right angles. The critical 
stres required to move the dislocation is identical to that 
derived for the coherent precipit:ite. (;nlike the pre­

cipitate, no dislocation rings decorate the cavity after the 
process is complete. A more detailed account of void 
hardening is giren by Coulomb.8 

In addition to bowing and pinching off, a dislocation 
may be able to cut through a ca~ity as it does through a 
depleted zone. ” If the dislocation is rdpable of cutling 
through the ca\ity, the structure of the dislocation and the 
void are the same after the event as before. Therefore, the 
interaction energy between these two objects as a function 
of their separation is symmetric about the overlapping 
position, instead of having the shape shown in Fig. 18.19(a) 
for dislocations cutting through depleted zones. Aside from 
this distinction, the stress required to force a dislocation 
through a void can be obtained by the method applied in 
Sec. 18.5 to analyze cutting of a depleted zone (see 
problem 18,3). If the maximum interaction energy between 
the dislocation and the void is ~!,,, the stress to cut through 
is 

., 

where R is the radius of the cavity. The interaction energy 
U. can be approximated as the elastic strain energy 
contained in the volume of solid equal to the cavity volume 
and centered on the line. This strain energy is released when 
the cavity attaches to the line and must be supplied 10 
separate the two. The elastic-energy density around a screw 
dislocation is given by Eq. 8,8. Instead of integrating this 
expression over the volume of a sphere center[>d on the 



dislot,ation. we replace the sphere with a cylinder ot’ rdrlius 
I{ ancl length 211. The Ll)tal elasti{ energy cent.ainerl in this 
volume (\vhich is the void dislo(’ali{)n interaction energy) 
is 

Combining the prt’([,ding [\vo formulas gives [he stress 
required for a dislocation to cut [llr(JU~h a void or bubble: 

$vhi(,h differs from thf> (Jro}van stress (Eq. 18.52) by a 
fac(or’ 01’ In( [{r,, ) In. It appears lhat it should bt! easier’ t’or 

dislocations to (ut ra~her than bypa\\ sn]all (avities, bu[ the 
stress reqoirt>nlents t’or the t!vo mechanisms are so close and 
the analyses so approximate that usc ot” the f)rowan slress is 

the more prudent approach. 

18.7 LOOP Ht~RDEINING 

The dislocation loops formed by condensation” ot’ 
irradiatiorl-p rodlrcerl” interstitial atoms :ire either of the 
pure-edge type it’ the loop is faulted or of mixed-edge and 
screw chara(,ter if the loop is on faulteri. It’ lbt) ~lirfe plane ot” 
a mobile dislocation pass(,s <’lose to or intersects a loop, 
rtislocations” on the plane Ivill experience a r{’sist;incc’ to 

motion, ‘1’oexert a significant retarding t’[)rre on the mobile 
dislocation, the center of the loop must lie close to the 
glide plane (say \rithirl a loop rfianlt, ter). Sinct, the loop 
diameter is g(>oer:illy much less than the distance between 
loops on lbf: slip plane, each loop is viewed as exerting a 
force on the dislocation line only aL the point at which 

contact is made. The applied shear stress needed to 
overcome the loop resistance corresponds to the maximum 
force, F,,,,,,, betlveen the loop and the dislocation line. If 

the spacing of the loops on the glide plane is 1, the relarding 
force per unit length experienced by the line is F,,,,,. 1. ‘[’be 

oppositely directed force on the line due LO the applied 

shear stress is ~j~b,., where h,. is the [lur~ers vector of the 
mobile dislocation. If all loops exerted the same maximum 
force on lhe mobile dislocations in the solid, a sharp yield 
point would be expected when CJ,b,. equallerl or exceeded 
F ,,l,,. /l. hlore precisely. the increase in the yield stress of 

the metal d~let() thepww'nct' (]ftht'lc)()ps (l()()p h~irdenirlg) 
is given by 

F,,,<i, 

‘J’ –~r” (18,51) 

The calculation of oh can be performed in two steps: 
1. Calculation of Fn,,, Y, which characterizes the interac­

tion of a single loop and the dislocation line. 
2. Calculation of the distance 1 between loop intersec­

tions with the glide plane. 

Calculation of F~a x is of necessity approximate owing 
to tbe large number of orientations of a circular loop with 
respect to a particular glide plane and the different possible 
Burgers vectors of both the loop and the mobile disloca­
tion. Since the loop is a circular dislocation, classical 

elasticity theo~ is often used to describe the loop­
ciislocation-line int,eractioo. This procedure, however. is of 
dubious validity when the line actually cuts the loop, 
Calculation of the purely elastic interaction between a 
straight, rigid rfislo(’ation line that passes near to, but does 
not intersect, :io immobile cir(ular loop is presented in this 
section as an example of the type of analysis needed to 
provide F,,, <,.. The results for intersecting loops and lines 
are of ~be same general form :IS those obtained from 
long-range elastic interactions 

Figure 18.2~1 sho~vs :i tong, str:iigbt edge dislocation 
whose slip plane lies a distince y from the plane of a 

circular loop of pure-edge character. We wish to compute 
the force F. between the two entilies as a function of the 
distance K. ‘lo do so. we first calculate the work required to 
grow the loop from zero size to radius f{,. We then 

differentiate (his work with respect to s to obtain F,. 
(calculations of this sort ha!e been performed for a variety 
of loop/line con) binations,i ‘1 

& 
FAULTED LOOP9 RI 

Fig. 18.23 Straight-t’clge dislocalioo passing by a faulted 
disk)ctition loop. ‘1’heslip plane of tile dislocation is parallel 
Lo the plane containing th~, stacking fault of the loop. 

‘~hc stress field in the solid adjacent LOa straight edge 
dislocation consists of a shear component and normal 

components (J, , (JY , and (}, . ‘~he shear compont,nt acts in 
the plane of the loop shown in Fig. 18.23 but in a direction 
perpendicular to the l~orgers vec~or b, of the loop. f{~’nce, 
this stress component exerts no for(,e on the loop ( i.e., the 
b component in the first ~erm of Eq. 8.13 is zero), 
Similarl}, the normal stress components (J, and f), do not 
exert forces on lhe loop which act to retard its growth. ‘1’he 

normal stress (Jv. on the other hand, tends to pull apart or 
push together the stacking fault, which is surrounded by 
the loop. Therefore, this stress component exerts a radial 
force on the loop. Figure 8.1 O(b) is equivalent to the 
situation depicted in Fig, 18.23. The total force on the loop 
due to the stress component (JY is ( ZnI<I)(J, bl. The work 
done as the loop expands from R, to R, + dR1 is 

dW = (2n}ti)o Vbl ctRl 

or the total work for the loop to expand against the stress 
from the nearby straight edge dislocation is 

W = ii R:~JVbl (lti.55) 



The stress (J, is 
. 

~y . .__L!:_?!::.1-??! (18,56)
27r(l –lJ) (X2 + ~z)~ 

Equation 18.56 was obtained from the stress components 
in cylindrical components shown in Fig. 8.8 in the manner 
indicated at the beginning of Sec. 8.6 for obtaining other 
components in Cartesian coordinates, Inserting Eq. 18.56 
into Eq. 18.55 and hking the derivative of k~ with respect 
to x yields 

FI = –~= ‘:~;; ‘Y(3YZ ‘~ (18,57)
(X2 + ~~ ).] 

In deriving Eq. 18.55, we have assumed that the stress 

UY does not vary appreciably over the area of the loop. 
This simplification is acceptable only when the line is far 
from the loop (i.e., Xz + yz R; ). For close approach ot’ 

the line 10 the loop. the variation of (Jv over the loop area 
must be tiken into account, and the F. formula is 
considerably more complicated than Eq. 18.57. The results 
of the complete calculation for y = RI and Y = 0.1 R, arc 

shown in Fig. 18.2-1. ‘Ihe maximum force occurs at x N R, 

and increases as y decreases. For y R1 the approximate 
treatment discussed above gives the maximum force as 

2 

(~ \ ) ,,, ., \ F,,,,, x ;;b:;; : ( 18.58) (.) 
where the numerical coefficient a (which is of order unity) 
depends on the relative orientations and the Burgers vector 
of the loop and the dislocation line. Averaging over all 
orientations and Ilurgers vector combinations, Kroupa and 
Hirsch 11 find that the average of the maximum forces due 
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line for the 

to loops distributed uniformly in a slab of ~hickness 2R1 
about the slip plane is 

(18.59) 

Interaction forces due to loops outside of this slab are 
negligible because of the y-2 dependent-e of F,m,i, (Eq, 
18,58). tJsing Eq. 18.59 in 18.51 shows that the hardening 
effect of the loops is 

(;bl 
(J, — (18.60)

81 

Foreman 1z has performed computer calculations of 
loop hardening in ~vhicb the elastic interaction forces of the 
model presented above are neglected. Instead, the critical 
stress for tearing the line away from the loop is based on 
the stability of the junctions formed when the loop and the 
line intersect. In the calculations a shear stress drives a 
dislocation line into a solid containing an array of loops of 
specified size and spacing. At stresses below the value 
needed to move lhe line entirely tbrougb the array of loops. 

the dislocation reaches an equilibrium position, As the 
stress is increased in small steps, the line moves forward to 
new equilibrium positions, Figure 18.25 shows the equi­
librium configurations of a dislocation line (initially of pure 
screw character) in a cloud of loops whose cliameter is 71~ 

Fig. 18.25 Three stages of the movement of a dislocation 

(initially screw) upward through an array of loops. The 
applied stresses corresponding to each position are (a) 

0.544 Gb/1. (b) 0.550 Gb/l; and (c) 0.556 Gb/1. (From 
Ref. 12.) 
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of the loop spacing in the glide plane. Each dot on the 
drawing corresponds to a loop cutting the glide plane of the 
dislocation. The three positions of the line correspond to 
three different values of the applied shear stress, which acts 
upward in the diagram. When the applied stress exceeds the 
value corresponding to the equilibrium position (c), the 
array of loops can no longer prevent motion of the 
dislocation. That is, the array of loops exhibits a well-
defined yield point at a certain critical stress. When 

averaged over all dislocation and loop orientations, Fore­
man’s computer simulation gives a critical stress of 

(18.61) 

Foreman’s results differ from those of Kroupa and 
Hirsch (Eq. 18.60) not only in the numerical factor in the 
denominator but in the interpretation of the spacing I as 
well. In Foreman’s analysis I is given by Eq. 18.25. In 
Kroupa and Hirsch’s analysis, I is larger than this value 
because of zigzagging of the dislocation through the array 
of loops. This difference further increases the discrepancy 
between Eqs. 18.60 and 18.61. The bulk of experimental 
evidence on loop hardening favors relations of the type of 
Eq. 18.61 with 1given by Eq. 18.25: 

Gb(21{lNl)” 
(JS = (18.62) 

o 

where	 Nl is the concentration of loops in the solid and L is a 
numerical factor between 2 and 1. Wilh either of these 
constants, the increased strength due to loops is only ‘20’~ 
of the full Orowan stress (Eq. 18.53) \vhich results from an 

array of impenetrable obstacles. 

18.8	 TENSILE PROPERTIES OF IRRADIATED 

AUSTENITIC STAINLESS STEEL 

Two features dominate the effects of fast-neutron 
irradiation on the austenitic stain less-steels—hardening, or 
an increase in the stress needed to initiate plastic deforma­
tion (the yield stres, the proportional elastic limit, or the 
ftow stre=), and embrittlement, or the reduction in 
specimen elongation prior to fracture. 

18.8.1 Radiation Hardening 

The strengthening effect of fast-neutron irradiation 
depends on the fluence and the temperature (both irradia­
tion and test temperatures). High temperatures act to 
remove damage inflicted by fast-neutron collisions with 
lattice atoms, During irradiation, creation and thermal 
annealing of defects proceed simultaneously. During testing 
al sufficiently high temperatures, only thermal annealing 
continues, and this process tends to mitigate the hardening 
effect of the neutron irradiation. Damage effects can be 
roughly classified by regions of ftuence and temperature. 
The fluence regions above and below ’1021 neutrons/cm2 
(fast) correspond approximately to the dosages received by 
in-core structural components in fast and thermal reactors, 
respectively, 

18.8.2 Low Fluence 

ln this regime (’[’t < 1021 neutrons/cm2 ), the primary 

form of radiation damage consists of the depleted zones 
described in Sec. 18.5. Because of the low fluence, sizable 
quantities of dislocation loops and voids have not formed. 
Temperature subdivisions in the Iow-fluence regime are 
approximately divided by one-half the melting point in 
degrees Kel~in, which for stainless steel is 550 to 600°C. 
(The melting point of steel is 1650 to 1700”K.) For 
T < Tm /2, sufficient displacement damage survives anneal­
ing during irradiation and testing to cause an increaw in the 
yield strength of the steel. Thk form of hardening decreases 
with test temperature according to Eq. 18.38. A typical 
stress-train curve following a low-temperature Iow-fluence 
irradiation is shown at the top of Fig. 18.15(a). At 
temperatures greater than T,n /2, the depleted zones and 
embryonic interstitial loops anneal so rapidly during irra­
diation and/or testing that no hardening is observed in 
knsile tests. The stress-strain curve coincides with that of 
the unirradiated material [lower curve of Fig. 18.15(a)]. 

18.8.3 High Fluence 

At high fast-neutron fluences (’[’t ; 102 i neutrons/ 
cmz ), dislocation loops and voids grow to large sizes. These 
large defects require appreciable time to anneal out even in 
elevated-temperature mechanical tests; so their effect on 
mechanical properties persists to higher temperatures than 
does the effect of the depleted zones. Complete recovery of 

the radiation hardening does not take place until tempera­
tures in excess of 800’JC (-2 T,,, /3). Figure 18.26 shows the 
postirradiation yield stress of type 304 stainless steel as a 
function of the test temperature. The specimens were 
irradiated at a temperature equal to one-half the melting 
point in a fast fluence in excess of 10Z 2 neutrons/cm2. At 
testing temperatures up to about 400 UC, the hardening is 
due to a combination of depleted zones, dislocation loops, 
and voids. The displacement damage (i.e., hardening due to 
the depleted zones) becomes negligible at about 400”C 
owing both to thermally activated cutting of the zones by 
mobile dislocations and to removal of depleted zones by 
thermal annealing during the test. Between 400 and 550”C, 
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the hardening is kmperature independent (athermal). At 
temperatures between 550 and 650”C, the loops are either 
unfaulted or annealed out during the test. Radiation 
hardening diminishes until at 650°C only i~ardening due 
to voids remains. The voids are not completely eliminated 
until temperatures above 800°C. The rather distinct regions 
of radiation hardening determined by tensile testing cor­
respond to electron-microscope evidence of depleted zones 
(black dots), loops, or voids in the microstructure of the 
specimens. The measured hardening due to loops and voids 
shown in Fig. 18.26 is somewhat lower than the values 
predicted by the theories outlined in the previous section, 

although the athermal nature of strengthening due to these 
defects is in agreement with theoretical expectations. The 
discrepancy in the magnitudes of the experimental and 
predicted hardening can be due to undercounting the 
concentration of defects from electron micrographs, which 
do not reveal defects Ies than a few tens of angstroms in 
diameter. With Eq. 18.25 the defect concentration can be 
used to determine the obsticle spacing on the glide plane. 
This latter quantity enters the void-hardening expression 
(Eq. 18.53) and the loop-hardening formulas (Eqs. 18.61 
and 18.62). 

The only radiation-produced defects that can be seen in 
the electron microscope for T > 800”C are helium bubbles, 
and these are not numerous enough to cause appreciable 
hardening. They do, however, dramatically reduce ductility 

at temperatures up to the melting point. 

18.8.4	 Plastic Instability 

The sizable increase in the yield strength of austenitic 
stainless steel resulting from low-temperature irradiation is 
not matched by a corresponding increase in the ultimate 

tensile strength of the metal. Figure 18.15 shows that the 
percentage increase in the yield strength is much larger than 

the percentage increase in the ultimate tensile strength 
(which is the stress at the maximum of the engineering 
stress-train curve), The radiation-produced defects are 

more effective in impeding the motion of dislocations than 
they are in preventing the theoretical fracture stress from 
being exceeded in the specimen. The former ability is re­
sponsible for the large yield strength increase, and the latter 
function accounts for the modest increase in ultimate 
strength. Thus, the net effect of radiation is to decrease the 
difference between the ultimate and yield strengths of the 
steel, or to decrease the work-hardening rate, do/de. 

Work hardening of an unirradiated metal arises from the 
creation of obstacles to dislocation motion as mobile 
dislocations become tangled with each other and with the 
preexisting dislocation network of the solid. In an irra­
diated metal there are already so many radiation-produced 
obstacles to dislocation motion that the additional harden­
ing effect of dislocation tangling (normal work hardening) 
is a small increment to the frictional stress. 

According to Eq. 18.7, when the work-hardening rate 
du/d~ is reduced, the stress at which necking or plastic 
instability occurs is correspondingly lowered. If the stress 
for necking is lower, so is the strain at this point. Therefore, 
the reduction in ductility which occurs in conjunction with 
hardening (i.e., at low temperatures) is simply a conse­
quence of the early onset of plastic instability. 

18.8.5 Dislocation Channeling 

In some highly irradiated mehls, the onset of necking 
can coincide with yielding. That is, there may be no 
uniform elongation at all during a tensile test, An example 
of the stress-strain curve for a specimen exhibiting this sort 
of instability is shown as the upper curve in Fig. 18.15(b). 
This unusual macroscopic behavior during deformation is 
believed to be associated with the microscopic phenomenon 
of dislocation channeling. *3 In this process defects im. 
peding dislocation motion in a metal are destroyed as the 
dislocation moves through them. Succeeding mobile dis­
locations therefore experience a smaller resistance to 
motion than their predecessors and thus move along the 
partially denuded glide plane more easily than the disloca­
tions that first cleared the way. The stress required to move 
dislocations over slip planes that have been cleared of 
radiation-produced obstacles is far Iower than the stress 
required to start the first dislocation moving. Thus an 
avalanche of dislocations can be released along the planar 
channels that have been cleared of obstacles. The strain due 
to this type of dislocation motion is highly localized. A 
group of closely spaced parallel slip planes that have been 
stripped of defects by moving dislocations is called a 

dislocation channel. Dislocations continue to be generated 
in and move along a cleared channel until normal work-
hardening processes (intersection of glide dislocations with 
the dislocation network of the metal) increase the stresses 
required to maintain dislocation motion. Many channels 

can become activated during deformation. Evidence of 
deformation by dislocation channeling is seen in Fig. 18.27. 
‘i’he dark bands, which are called slip traces, represent 

Fig. 18.27 Type 304 stainless steel deformed 10{1 after 
irradiation at 121*C. The slip traces (dark bands) represent 
the intersection of {1 11] planes with the surface of the 
specimen. [ From E. E. Bloom et al., J. Nuc1. Mater., 22: 68 
(1967 ).1 
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Fig. 18.28 ~1 mt’chanisnl (If loop destruction by a moving dislocation. ‘[’he glide dislocation {1 cuts (a) in~o 
the loop 1. lo form stable jun(tions J at the points of int{’raction (b). (}lide of both parts of the loop causes 
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,1. J. E, Foremt’n and J. V. Sharp, P/~il. l[ag,, 19: 9:11 ( 19~i9). ] 

dislocation channels where large Io(alizcd deformation has inriire(, tlv affected by the same variables hecallse ii is the 
occurred, The ma~erial between the slip hands is not ratio of c~ to i. 

deformed. Each of the slip bands in Lbe photograph Figure 18.29 shows typical results of lar~e fast -tieutron 
corresponds to the intersection of a group ot’ ( 111 ) planes fluen~es on t.be (reep-rupturf~ proper[ ies (If an aust[>ni( ic 
with the surface. The {1 11} planes are the preferred glide sLainle&s steel. In this particular set of esperimL’nts. (he 
planes in the fcc structure [ Fig. 8.2(a)].	 specimens were annt,aled (i.e., not {old worked ), at](i ti](’ 

The radiation-produced defect must likely destroyed by neutron exposure, tes(ing tenlp[’rat[lr(’, and t Ilt’ appli(’(i 
moving glide rlislocaLions is the disloca Lif)n loop. Figure stress were fixcri. only tile irra(iiati~)n temp[,rature ;vas 
18,28 shows bow an immobile loop c:in be transformed \arieri. The data indicate that ti~t) creep ratt}, {. is I(}w{)r in 
into a part of the moving dislocation as a resul L of the tilt, irradiate(i spe(imens tilan in the (lnirradiat(~ci nlt’tal. ‘[’he 
interset’tiorr of Lhese two species, After passage of Lbe ~lide redu(tion is greatest at the lt)~~est irradiali[)n temp(, ralure 
dislocation, the loop completely disappears. other models ‘l’his Lrenrf is (,onsistcnt \vilil the eff(ct of tenlp(, ra[urc on 
of loop destruction by moving riislocat.ions involve lbe tensile strength of irra{iiateci ste(,l (s(’e previous se{lion ). 
chopping the loop into smaller bits, some of which can be ‘1’he rie(reased cret>p rate is altrii~u(ed l<) li~e (l~pl(’t(,d 
incorporated into the moving dislocation. zones, Frank i(tops, and voids pr{)riu(’eri by the fast-neutron 

bombardment, all of which impede ti~c motion of disloca­

18.9	 CREEP RUPTURE tions through the solid. As tile irradiation temperature is 
raised, these obstacies to dislocation mution are progres-

Creep rupture refers to the failure of a specimen that sively removed from the specimen by annealing, and the 

has been subject to stresses well below the yield stress for creep rate increases. At 780”C the creep rate is pr:]t. tically 

long periods of time. Deformation of the metal occurs by equal to that of the unirradiated materiai.


creep raLher than by the nearly instantaneous plastic Not all investigations have confirmed tile observa~ ion of


deformation characteristic ot’ a tensile test. Creep-rupture reduced steady-state creep rate in rl(>l)troll-irrit(ii:itt’d steel.


tests can be conducted either in equipment similar to that ‘~he opposite effect. occasionally found, is at tribu(ed to the


employed for tensile tesh or by tube-burst tests, in which a removal of atomically dispersed carbon from tile matrix by


closed tubular specimen is loaded by internal gas pressure. the formation of large carbide particles (l!: ~C(, ) by the


In both types of tests, the time to failure, or the rup[urc process of radiation-induced precipitation. Tile dissolved


life, t~{,and the elotzga[iotz a! failure, Efi, are measured. carbon apparently acts as a stronger barrier to dislocation


Provided that steady-state creep prevails for the major motion than the larger but more widely spaced carbide


portion of the test, these two quantities are related to the particies.


creep rate by Eq. 18.20. The creep-rupture properties Figure 18.29 also demonstrates that radiation reduces


depend on the extent of irradiation, the irradiation and tile elongation to fracture. As in tile case of tile creep rate,


testing temperatures, and on Lhe degree of cold work of the the strain at rupture is smaliest for the specimen irradiated


specimens. These variables directly control the creep ra~, ;,	 at the lowest temperature. This reduction in <F is most


and the elongation at fracture, CIF. The rupture life, t[~, is probably due to the ioss of work ilardenability accompany­
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Fig. 18.29 Effect of irradiation temperature on th~ creep 
rupture of annealed type 30i stainless steel irradiated to 
1.9X1022 neutrons~cm~ ( 0.1 hleV) and tested at 550f’C 
under a stress of 3 x 105 kN/m2. I After E. E. f;loom and 
J. R. \Veir, Jr., .Vucl. Techno/., 16:45 (1972). I 

ing the radiation strengthening of the metal and leads to 
premature plastic instability (see Sec. 1879). As the irracfia­
tion temperature is increased, the elongation to fracture 

begins to return to the value characteristic of the unirra­

diated material. ~~’ork bardenability is recovered as the 
radiation-induced increase in yield strength is removed by 

thermal annealing. Iiowever. even at 780”C, where radti~­
tion strengthening should have completely annealed out, 
the creep test shows a significant loss in ductility. In fact, as 

the irradiation tempem~ure is increawd to values greater 

than those shown on ~ig. 18.29, the elongation to fracture 

again decreases. This high-temperature loss of ductility is 

associated with the helium produced by (n,a) reactions in 
the metal (see following section), 

The> effect of fast-neutron fluence on the elongation to 
fracture with all other variables held fixed is shown in 
Fig. 18.30. The ductility (strain at fracture) is reduced from 

a value of ‘20”~ for the unirradiated material to ‘0.1’; at 
fluences expected in LLIFBR service. For this particular set 
of conditions, radiation causes a 200”; reduction in the 
ductility of the specimen, 

The combined effects of fluence and temperature on 
the creep-rupture properties can also be demonstrated by 
rupture life graphs of the type shown in Fig. 18.12, which 

illustrated that, for onirradiated steel, increasing the test 
temperature markedly reduced the rupture life. This effect 
is a manifestation of the rapid increase in the steady-state 
creep rate, ;, with test temperature (i.e., in an Arrhenius 
fashion, Eq. 8.46). Figure 18.31 shows that at fixed stress 
and fixed kst temperature radiation reduces the rupture 
life, often by as much as an order of magnitude. Reduction 
of t~ is due predominantly to the se\ere loss in ductility 
induced by radiation. The effect of test temperature (which 
should not be confused with the influence of the irradiation 
temperature indicated by Fig. 18.29) is similar to that 
found in unirradiated specimens (Fig. 18.12). 

The effect of neutron fluence on tl{ is exhibited in 
Fig. 18.32. The rupture life decreases drastically with 
increased fluence primarily because of the loss in ductility 
illustrated by Fig. 18.30. 
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Fig. 18.30 Postirradiation ductility of type 3(I4 stainl(~ss 
steel irradiated at various temperatures between 370 and 
470°C and tested at 600C’C and 1.9 x 10s kN/m2. (After 
E. E. Bloom and J. 0. Stiegler, in ASThl Special Technical 
Publication 184, p. !51, American Society for Testing and 
h’laterials, Philadelphia. 1970. ) 
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Fig. 18.31 Rupture life of type 316 stainless steel irradi­
ated to a total neutron fluence of 1.2 x 1022 neutrons/cm2 
at an irradiation temperature of 440° C. Tested at various 
temperatures in uniaxial knsion.— —, unirradiated.- - -, 
irradiated. (After A. J. Lovell and R. 1~. Barker, in ASTh!l 
Special Technical Publication 484, p. 468, American Soci­
ety for Testing and ~latenals, Philadelphia, 1970. ) 
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Fig. 18.32 Effect of neutron fluence on the postirrariia­
tion rupture life of type 304 stainless steel. The irradiation 
temperatures were between 370 and 430” C. The tests were 

performed at 600”C at a stress of 1.9 x 10s kN/n12. (After 
E. E. Bloom and J. O. Steigler, ASTM Special Technical 
Publication 484, p. 451, American Society for Testing and 
Materials, Philadelphia, 1970.) 

The degree of cold work of the tubing used in the fuel 
elements is a controllable fabrication variable that can be 
used to optimize the in-pile performance of the cladding. 

Cold working is measured by the percentage reduction in 
cross-sectional area resultirg from drawing the tubing at 
room temperature. Microstructurally, the degree of cold 
work appears as a higher dislocation density than in the 
annealed metal. Cold working increases the strength of the 
metal by mechanisms similar to tho~ responsible for 
radiation hardening, but, in common with this phenome­
non, the effects of cold work diminish greatly at elevated 
temperatures owing to the removal of the mechanically 
produced dislocation tangles by thermal processes (re­
covery). The effect of cold work on the stress rupture 
properties of stainless steel is shown in Fig. 18.33. 
Moderate cold working (10 to 30%) enhances the short-
term stress rupture strength, but the long-term strength 
eventually becomes poorer than that of the fully annealed 
material. If a long rupture life at low stress was the sole 
criterion for choosing a cladding material, the fully an­
nealed metal would be superior to all grades of cold-worked 
metal. However, the principal value of cold working of the 

cladding is that void formation and swelling are suppressed 
(see Chap. 19). Conwquently, a 10$% cold-worked material 
appears to represent the best compromise between improve­
ment of swelling resistance at the expense of some 
degradation of the creep rupture properties. 

18.9.1 High-Temperature Fracture 

The nature of the fractures that terminate the high-
temperature creep process is quite different from the mode 
of fracture exhibited by metals and alloys following tensile 
tests at low kmperatures. At low temperatures fracture 
tends to result from shearing through grains of the metal 

(i.e., the transgranular mode) and often occurs only after 
appreciable deformation. The fracture mode that termi­
nates the third stage of high-temperature creep or the 
deformation in a high-temperature tensile @st is usually of 
the intergranular type. In addition, high-tempemture frac­
ture is often accompanied by the observation of minute 
cracks or cavities in the metal adjacent to the fracture 
surface. 

The nature of the r.)etal after fracture in a relatively 
high-stress tensile test is shown in Fig. 18,34. In the 
unirradiated specimen [Fig. 18.34(a)], the metal in the 
vicinity of the fracture is full of wedge-shaped cracks. The 
actual fracture surface probably followed grain boundaries 
along a path that had a high density of such cracks. The 
grains are deformed in the direction of the applied stress. In 
the irradiated specimen [ Fig. 18.34(b)], the small internal 
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Fig. 18.33 The effect of cold working on the rupture life 
of type 316 stainles steel. Tested at 700”C. ( From 
T. Lauritzen, Stress-Rupture Behavior of Austenitic Steel 
Tubing. Influence of Cold Work and Effect of Surface 
Defects, USAEC Report GEAP-13897, General Electric 
Company, 1972. ) 



Fig. 18.34 Fractures of type 347 stainless steel after a

tensile test at 600°C. (a) Unirracfiated, e~,. = 18’7. (b)

Irradiated to a fast fluence of 2 x 1022 neutrons/cm2,


CF = 3?6. (From M. Kangilaski et al., ASTM Special Techni­

cal Publication 457, p. 67, American Society for Testing

and Materials, Philadelphia, 1969. )


cracks are absent, and the grains do not appear to have been 
deformed. 

Figure 18.35 shows similar photomicrographs of the 
fracture surface produced in a creep-rupture test. The metal 
near the fracture in the unirradiated specimen cwntains 
many small cavities on the grain boundaries rather than the 
wedge-shaped cracks that appeared in the high-stress tensile 
fracture [ Fig. 18.34(a)] . Grain deforma~ion perpendicular 

to the fracture surface is evident in the failed unirradiated 
specimen. The general appearance of the fracture surface 
following the creep-rupture test of neutron-irradiated steel 
[ Fig. 18.35(b)] is practically indistingllishable from that 
observed after a tensile test [ Fig. 18.34(b) I [n both cases. 
intergranular cracking apparently occurr(~cl mpidly as sf}orr 
as a few grain-boundary cracks or cavities ~vere formed. The 
absence of internal cr~cks or cavities near the crack surface 

and the lack of grairl deformation arc t)oth dll~ to the 

radialion hardening of the matrix of Lhe grains. ~vhict) 

forces failure in a nearly brittle manner alon: groin 

boundaries. In contrast to the rapici failur[, ot’ irradiate,ci 

specimens as soon as a small number of (racks or cavities 

are created, fracture of the unirradiated metal is a result ot’ 

the stow growth of cracks or cavities by grain-boundary 
sliding diffusional processes. 

18.9.2 Wedge Cracks 

The high-tetnperature fracture process can be divided 
into nucleation and growth regimes. Small wedge cracks are 
spontaneously formed at grain-boundary triple points when 

(a) 

(II)


Fig. 18.35 Fractures ()[ 1>pe 3.17 stainl~,ss steel at’~cr a 

strf>ss-rupture test at 650’C. (a) L;nirradiated; 
stress 2.1 x 105 k,N, m2 . t,t 32 br; CK - ~~’;, (b) [rradi. 

ated to a fluellct ot” 2X102J n[,u~rons,cn~~ ; 
stress -=2 x 105 kN,’m-: [(i 21 hr: CF () Y.. [ From 

}1. Kai~gilaski et al., ~’1”(1~1~.11~1~1”..\:llci, .\OC., 1 ~: j~! 

(19(;9). ] 



the applied stress exceeds a critical value. Stroh 14 calcu­
(18,66)

lated the critical stress for the nucleation of wedge cracks 
on the assumption that dislocation pileups in a slip band 
provided the necesw~ stress concentration. Figure 18.36 

}1 method of estimating L and of accommodating 

shows a grfiin containing a dislocation source that has	 Stroh’s analysis to the observation that the wedge-shaped 

emitted dislocations into a slip plane under the action of	 cracks almost always occur at grain corners ( i.e., triple 

the applied shear stress u,,. The dislocations are stopped points, see Fig. 16.18) has been proposed by hlcLean.l 5 FIe 

by a grain boundary, and a pileup ensues, ,1s noted in argues that the slip planes within the grains on which the 

Sec. 8.6, the pileup developsa tensile stressfJ that tendsto	 pileups occur in Stroh’s theory can be replaced by sliding 

open up a crack at the head of the slip band. ‘1’he tensile	 grain boundaries, The cracks formed by this process are 
shown in Fig. 18.37. In applying Eq. 18.66 to the triple-
point crack, we assume that L is the length of the sliding 
interface, which is approximately equal to the grain size. 

k$’hen precipitates (e.g., helium bobbles or h~ls C6 
particles) have collected on the grain boundary, sliding is 

impeded. Consequently, JVeaverl “ suggests that the length 
L should be taken as the average distance between particles 

(JXy —	 on the grain boundary. 
If no plastic deformation occurs around the tip of tbe 

crack, y in Eq. 18.66 is best approximated by the differ­
ence between the energy of two free surfaces which were 
formed and the one grain boundary which was eliminated 
at the time the crack appeared: 

(18.67) 
Fig. 18.36 Crack nucleation by the pileup of dislocations 
against a grain boundary. (From Stroh, fief. 11. ) Nlodifiers of stainless steel (e.g., titanium) affect the 

creep-rupture properties by increasing the effective surface 
energy either by segregating on grain boundaries or by 

stress is greatest at an angle of 70” to the slip plane removing impurities such as oxygen and nitrogen from the 
containing the pileup; m the crack develops in the grain boundaries. [ 7 In either case, one or the other of the 
orientation shown in the drawing. The stress concentration terms on the right of Eq. 18.67 is altered. 
is given by Eq. 8.41 in which the distance from the tip t{) ;Vhen the grains of the metal are capable of deforming 
the pileup is ttiken as the crack length, or plastically, the stress concentration at the tip of the crack 

can be partially relieved by plastic flow. ‘rhe net effect of 
U2C = L(}~V (18.63) grain deformation is to increase the energy required to form 

where C is the length of the crack and L is the length of the

pileup. The stability of the crack is determined by the ,,

Griffith energy criterion, which balances the loss of elastic

energy of the solid with the gain of surface energy of the

crack. }Vhen the exact stress distribution in the vicinity of

the crack is employed to compute the elastic-energy term,

the work required to form the crack is


\i \ 
n(l — V)C2U2

W= Et,, t –E;l = – + 2C7 (18.64) /-
WEDGE CRACK 

8G 

where E~l is the elastic energy of the perfect solid and y is TRIPLE POINT—


the energy required to produce a unit area of crack surface.

Setting dJ$’ldC = O yields


87G ~.127G .

C(J2 = —.. (18.65)


JT(l –4’) n 
./ 

_ f$’hen tbe relationshi between the elastic constants 
\, ~E=2G(l+v] ise eyed and the crack length is denoted 

by 2C instead oJ- # , Eq. 18.65 is seen .~o be the fracture 
stress criterio> of Griffith (Eq. 16.5). Cracks spontaneously 
nucleate wtien the applied shear stress UX~ atttins a value Fig. 18.37 ii wedge crack forming on a grain-boundary 

that renders the right-hand sides of Eqs. 18.63 and 18.65 triple point as a result of an applied stress normal to one of 

equal, or .. ..	 the boundaries. 
. ..- !; ) ,, .. \
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a unit area of fresh crack surface, or to increase y above the 

value predicted by Eq. 18.67. In Pdirly soft metals, crack 
nucleation occurs only at stresses that correspond to 

Y- 100y,. ‘rhus. any process that strengthens ~he grains 
and prevents their deformation decreases the stress required 
to nucleate cracks and thus makes the melal less ductile, 
YIatrix strengthening by irradiation-produced defects is 

probably one mechanism of the loss of ductility in 
neu tron-bornbarded steel. 

Tbe nucleation condition gi\en by Eq. 18.66 is applica­
ble only to small cracks, As the crack grows, contributions 
to the energy balance which depend on the crack width 
become import;int. Inclusion of these lerms le~ds to a new 
critical stress for unstable crack growth and, for stresses 
below the critical value to an equilibrium crack size. The 
width of the crack is ~ssumed to he equal to the product of 
the number of dislocations in the pileup, n, and the width 
of each dislocation, which is approximately equal to the 
magnitude of the Burgers vector, b. That is, the crack is 
visualized as a condensation of n single dislocations into a 
superdislocation of Burgers vector nb. 

The work per unit length required to form the cra(,k is 
given by 

n(l —v)c2u2 + 2C> 
‘$’ = “–—- 8G 

G(nh)z
+ –— In ~~ –uVC (18.68)

‘ln(l –u) () 

The first two terms are contained in the energy balance for 
smatl cracks, They represent the elastic energy of the crack 
in the applied stress field and the surface energy of the 
crack, The third term is the elastic energy per unit length 

(i.e., the line tension) of the superdislocation. This quantity 

has been calculated for ;i single dislocation in Sec. 8.3. 
Equation 8.9 gives the energy per unit length of a wrew 
dislocation of Burgers vector b, and the corresponding 
result for a single-edge dislocation is obtained by division 
by 1 – z}. l~ith the crack modeled as an edge superdisloca­

tion, the Burgers vector is nb, and the core radius is 
replaced by C~4. The cutoff radius of the stress field of the 
superdislocation, ./fl, need not be known, because only the 
derivative of }Vwith respect to C is needed. 

The last term in Eq. 18.68 represents the work done by 
the applied stress in opening the crack to a finite volume 
V{,. The crack has the shape of a triangle of base nb and 
height C: so 

V, = ~(nb)C (18.69) 

Equation 18.69 is substituted into Eq. 18.68, and 
d\VldC is set equal to zero, thereby yielding the following 
quadratic equation for the stable values of the crack length: 

(18.70)c2-B[’-2(:)lc+AB=0

where 

* = G(nb)2 
(18.71)

87r~(l – v) 

8-r’G 
B= (18.72)

7i(l -- V)u’ 
.­

Inspection of Eq. 18.70 shows that the rooLs C are real if

8> 16A and imaginary if B < 16,4. If B ~ 16A, the smaller

of the two roots represents the stable crack length, and, if

B < 163, the cracks are unstable and fracture occurs. The

condition of neutral stability is gi\ren by B = 16A, or


u(nb) = 2Y (18.73) 

The crack width nb in this formula is obtained from the 
theory of the dislocation pileup discussed in Sec. 8.6, In 
applying Eq. 8.39 to determine nb, we assume that the 
pileup length (i.e., the distance from the dislocation source 
to the crack) is approximately eql.(al to one-half the grain 
size d. The crack growth criterion on which lhe preceding 
analysis was based assumed that the metal was subject to a 

tt’llsi!e stress IJ normal to the grain houndan in which 
cracks appeared. The clislocation pileup r{,sponsihl(, for 
development of the cra(k, howe!er, is produced by a shear 
stress along the slip band (or grain boundary in (his case). 
The disloc:ttions th:it move along the gr:iin boundary and 
condense into the crack are impeded by the frictional stress 
(JI due to obstacles in the matrix (Sec. 18.5). [n estimating 
nb, the shear stress in Eq. 8.39 is reduced by this amount, 
a n d w e have 

(18.74) 

where the length of the pileup has been taken as one-half 
the grain size, 

Substituting Eq. 18.74 into 18.73 yields the critical 
tensile stress: 

(18.75) 

In Fig. 18.37 the component of the applied stress that 
produces shear along the grain boundary UXY is approxi­
mately equal to U12. [f, in addition, Ui is small, the critical 
tensile stress for unstable triple-point crack growth given by 
Eq. 18.75 is very nearly equal to the critical shear stress for 
crack nucleation in Stroh’s theory (Eq. 18.66). Because the 
internal stress u, is generally appreciable, uCrit given by 
Eq. 18.75 is larger than the value given by Eq. 18.66, which 
mwdns that fracture is controlled by crack growth rather 
than by crack nucleation. Thus, (Jcrit of Eq. 18.75 repre­
sents the ultimate strength of a metal when failure occurs 
by the formation and extension of grain-boundary cracks. 

The foregoing analysis of crack stability can be applied 
to estimate the elongation at fracture when failure is due to 
grain-boundary triple-point cracks. Elongation (or creep 
strain) of a grain occurs because n dislocations have 
traversed the grain and coalesced into a crack. Each of the n 
dislocations causes a displacement b; so the displacement 
due to a crack of width nb is equal to nb. The elongation, 
or fractional displacement, of the grain is rib/d. Equa­
tion 18.73 can be regarded as the condition giving the 
critical crack width (at which fracture occurs) for a 
specified applied stress. At the point of fracture, nb is the 
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product of the grain diameter and the elongation at 
fracture; elongation can be found from Eq. 18.73: 

27 
c~=— (18.76)

ud 

Equation 18.76, which was first proposed by i~illiams, ] “ 
has been applied to the embrittlernent of neutron-irradiated 
tnconel (a nickel-based alloy ).’ “ 

The prediction that grain refinement (i.e., reduction in 
d) reduces em brittlement is borne out by experiment. 

Equation 18.76 also predicts that ductility is improved by 
increasing the surface energy T. This parameter is the 
energy required to form a unit area of fresh surface at the 
crack tip. If the metal is hard and brittle, y approaches its 
minimum value given by Eq. 18.67. On the other hand. soft 

metals permit plastic flow at the crack tip. thereby 
requiring more enero to create fresh surface than just the 
surface ener~. In lhis case, y can be very much larger than 

‘Y>.BY hardening the matrix. irradiation acts to reduce the 
extent of plastic flow around the crack tip during creep, 

therehy fit’creasing y. ]tl general. any phCll(Jlmoll(lll that 

harcl~,ns the matrix of tht, grains without increasin~ the 
strt, ngt,ll of the grain bound ;iries makes th(, metal more 
brittle. 

The inverse dependence of cl, on the applied stress 
indicated by Eq. 18.76 does not appear to have been 
verified experimentally. 

18.9.3 Grain-Boundary Voids 

Creep in metals at high temperature can be accom­

panied by the growth of voids (or cavities) lying on grain 
boundaries that are transverse to the applied tensile stress. 
These grain-boundary voids can grow at stresses well below 
the critical stress required for unstable growth of wedge 
cracks (Eq. 18.75). 

The condition of mechanical equilibrium of a gas-free 
spherical cavity in a solid subject to tensile stress c) is given 
by Eq. 13.,1 (in this relation. however, (~ represents a 
cotnpressive stress). ,i cavity will tend to grow if its radius 
is grea~er than the critical radius given by 

~, . _:7 
(18.77)

R,.,, ~ 

To de~’ribe creep rupture by growth of such voids, we must 
inquire as to the mechanism of the creation of i,oid nuclei 
with radii large enough to .wtisfy the above stability 
criterion and then determine the rate at which these voids 
grow. 

Voids are most easily nucleated on grain boundaries 
where stress concentrations occur, ‘1’he triple-point wedge 
cracks shown in Fig. 18.37 can have equivalent radii large 
enough for the right-hand side of Eq. 18.77 to be smaller 
than the applied stress, even though the applied stress does 
not exceed the critical stress for wedge-crack growth. 
Ilowever, voids in creep specimens are observed all over the 
grain boundaries and not just at lriple points, IJefects in the 
grain boundary that can lead to void nucleation include 

precipitate particles or small ledges, both of which are 
effective stress concentrator-s. 

Once nucleated, voids are believed to grow by absorbing 
vacancies from the bulk until they are large enough to 
interlink and cause fracture. Vacancies probably flow to the 
voids via the grain boundary since, at modest temperatures. 
grain-boundary diffusion is more rapid than lattice diffu­
sion. The description of a qualitative model of the growth 
of grain-boundary voids under stress, proposed by Hull and 

Rimmer20 and laundered by Speight and Harris. z 1 follows. 
}4ssume that Ngl, voids of radius RO have been 

nucleated per unit area of grain boundary transverse to the 
tensile stress by one or a combination of the mechanisms 

listed in the preceding paragraph. Tbe RO is assumed to be 

greater than R,,, f of Eq. 18.77. Figure 18.38 shows such a 
void at some stage of the growth process when the radius 

has increased to R. The analysis neglects nucleation 0[ new 
voids ducing growth of the batch nucleated al the time the 

VOID WITH RADIUS 1? 

\ 

\ rANNULAR 

— .$—— —* 

Fig. 18.38 II model for the growth of voids on grain 
boundaries during cr(’[>p by diffusion of vacancies in the 
grain boundary, 

tensile stress was applied. By analogy to the treatment of 
the three-dimensional growth of gas bubbles in tbe fuel 

(Chap. 13), the void population is divided into a series of 
identical unit cells, each with a central void surrounded by 
the associated grain-boundary area. The extent of grain 
boundary from which tbe void draws its vacancies is 
determined by 

(n.’f12)NK,, = 1 (18.78) 

Vacancies are assumed to be created at a uniform rate 
in the annular disk R < r < .flsurrounding each void. The 
thickness of the disk is taken to be the grain -boundaw 
thickness, w. The vacancies created in tbe annulus diffuse 
to and are absorbed by ~he void at tbe center, causing the 
latter to grow. Because of the unit cell approximation 
embodied in Eq. 18.78, tbe void and its dissociated grain-
boundary area are treated as an isolated entity; so the 
vacancy fiux at r = .’fi is zero. The vacancy-diffusion 
equation in the wheel-shaped region surrounding each void 
is 

dCV 
I)ugl,~~r ()r= +GV=O (18.79) 

where I)vgb is the diffusion coefficient of vacancies in the 
grain boundary, C, is the volumetric concentration of 
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vacancies, and GV is the uniform volumetric source of dR . wDgb f2 2y (,fl/R)2 – 1 (18.85) 
vacancies in the diffusion zone. The vacancy concentration dt .~’ kT ()‘J – ~ 21n(.X/R) – 1 + (R/.fi)5 

at the void surface’~ (r = R) is given by Eq. 13.176 with ‘l’his equation shows that the growth rate becomes —­
~=(): 

positive when the void size exceeds the critical value given 

by Eq. 18.77. Cavities smaller in radius than RC,, t sinter at 

(18.80)	 a rate given by Eq. 18,85 and eventually di%ppear. Voids 
for which R. > R{,riL grow at an ever-increasing rate. 

which means that because of surface tension the solid in the The fraction of the grain-boundary area occupied by 

vicinity of the void surface is placed in traction, thereby voids is 

increasing the equilibrium vacancy concentration above the 
value in the stress-free solid. The boundary condition at (18,86) 
r =.)X is 

dCV Fracture (or creep rupture) is assumed to occur when the 
=0 (18.81) voids touch. If the spherical voids are disposed on a regular (-)dR ,fi> 

square array, linkage occurs when the fractional area 

The wlulion of Eq. 18.79 with the above boundaw occupied by the voids is nR~. /(2Ri )2 = n14, where Rr is 

conditions is the void radius at fracture. ‘Setting f = n/4 in Eq. 18.86 
yields

c(r’’c’”exf’(#~)+K	
(1X.87)

[’n(~) 
The titne to rupture is obtained b] integration of the-(;r*)l‘1882)

growth law from R = R,, to R = R,., or 

The vacancy-concentration profile in the grain bound­
ary around the pore depends on the rate of vacancy 
creation in the grain boundary, Gr. This quantity is not (18.88) 

known a priori, and Speight and Harris invoke the arbitrary 
condition that GV is just sufficient to render the vacancy The elongation (creep strain ) at fracture can be esti­

concentration midway between voids (i.e., at r =,’R) equal mated as follows. Imagine the solid to be divided into 

Lo the thermodynamic equilibrium value appropriate 10 the right-square prisms oriented parallel to the applied stress. 
solid under the applied tensile slress (see Chap. 13). Or G, The height of each prism is the grain size d, and the base of 

is determined by applying the auxiliary condition the prism is a square with sides equal to 2R1. A void 
nucleus is located at the center of the top and bottom 

bases. The volume of solid conlained in each prism is
(18.83) 

(2 RI, )Zd. At fracture the top and bottom bases of each 
prism ha\re been tr:insform(>d into hemispheres of radius 

to Eq. 18.82. 
RF, representing the voids that developed from the ouclei. 

Having solved the diffusion problem, we obtain lhe flux 
The centers	 of the hemispheres at either end of the prism

of vacancies to the void by 
are separated by a distance d + 2>, where (5 is chosen so 

that the volume of solid in the original and in the final 
prisms is the salne. Thus. 

Assuming that the void remains spherical despite the fact

that its vacancy supply is restricted to a bell of width

w < R at its middle, we find the time rate of change of the where lhe last term on the right represents the volume of

volume of the void to be	 the two hemispherical cavities at either end of the prism.


The fractional elongation of the grain at fracture is X !d,

which from the preceding formula is found to be


The gradient at the void sur~dce is obtained using Eq. 18.82,

and G. is eliminated by use of Eq. 18.83. The product

DVgbC;qfl is identified with the grain-boundary self-diffu-


SLlbstituting	 Eq. 18.87 for R], yields 
sion coefficient (see Eq. 16.44). Because the arguments of

the exponential in Eqs. 18.80 and 18,8:3 are small, e> is


approximated by 1 + x. Equation 18,84 yields (18.89)


*tVe assume	 that the vc~id radius R is much larger th:in According to this formula, ductility in materials (bat fail by 

the grain-boundary thickness w, Th[ void surface within lb{, cavitation is improved by grain refinement and by de-


grain boundary is :ipproximat(jd by a cylinder of rudius R. creasing the density of void nuclei on grain boundaries.
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‘1’lie Lheory of void nucleation in the grain boundaries 
(as opposed” [o the growth theory just presented) is not 
suffi{, iently well developed to permit prediction of the void 
spacing ,4’. IIowever, this quantity can be determined by 
measuring the void density on grain boundaries from 

micrographs of the fracture surface and ernpluying 

Eq. 18.78. Estimates of the time to rupture based on the 
preceding analysis are in reasonable agreement with the 

results of (reep-rupture tests for many metals. Ex(’ept for 
the arbitrariness of the condi~ioo of Eq. 18.83, the Hull-
Rimmer theory pro\ides a physically acceptable explana­
tion {)f (’reep ruplure by grain-boundary voids at stresses 
bc’low that required for wedge-crack propagation, ~!n 
alternative analysis of the growth process is considered in 
probletn 18.10. 

18.10 HELIUM EMBRITTLEMENT 

Helium g:Ls produced by transmutation of the conlpo­
nent,s of sltiinless steel causes ernbrittlernent (loss of 
ductility). which cannot be eliminated by high-temperature 
annealing. Like fission gases produced in tbe fuel, helium is 
~hern~odyrltinlically insoluble in metals and tends to precipi­
tate inlo bubbles if the temperature is high enough for tbe 
bel ium atoms to migrate. I f the helium bubbles are formed 
in the matrix, they can contribute to radiatioo hardening of 
the metal in lhe same manner as voids (i.e., by Eq. 18.5:1). 
However, when the temperature is low enough for stable 
dislocation loops and voids (i.e.. ‘[’“ 700 to 800’’C), the 
in(rcment of strength provided by the helium bubbles is 
small cotnpar(’d with the contributions of the other 
radiatiorl- produced defects, ,It Iemperaturcs lbat result in 
elitnination of voids and dislo(’ations by annealing, the 
strength of the steel returns to its unirradiated value (we 

Fig. 18.26). The helium bubbles may have coarsened by 
coalescence to lhe point that not enough bubbles are 
present to cause appreciable hardening. 

,~t elevated temperatures, however. helium causes se­
vere em brittlement of Lhe steel. The elongation to fracture 
never recovers at high temperatures LC, does tbe yield 
strength. Fracture in tbe onirradiated metal occurs in a 

transgranular or combination transgranula~irltergra nular 
mode, whereas fracture of irradiated s~eel occurs invariably 
along grain boundaries. The exlent of helium embrittlernent 
depends on fast-neutron fluence, steel composition, and 
temperature. 

Various mechanisms for explaining helium en~brittle­

ment have been suggested. Woodford, Smith, and }loteff22 
proposed that tbe helium bubbles remain in the matrix 
where they impede tbe motion of dislocation lines. The 
increased strength of the matrix preven Ls relaxation of 
stress concentrations at grain-boundary triple points and 
thereby enhances failure by propagation of wedge cracks. 

Kramer et al.23 observed that helium bubbles are 
nucleated mainly on grain-boundary carbide particles (i.e., 
hlz.3 Cb ), thereby allowing cracks to form without tbe 
necessity of satisfying Strob’s nucleation stress criterion of 

Eq. 18.66. Reiff24 has shown that the presence of helium 
in triple-point cracks permits unstable growth of these 
cracks at stresses lower than that required for a gas-free 
crack (Eq. 18.75). 

However, the majority of the workers in this field 
altribute em brittlement to tbe stres>induced growth of 
helium bubbles on grain boundaries which eventually link 
up and cause intergranutar failure.2s’2 7 

18.10.1 Helium Production Rates 

Before discussing the embrittlemenl mechanism in 
detail, we first determine tbe amount of helium produced 

by the neutron flux. The transmutations lhat produce an 
alpha particle (which is tbe nucleus of a helium atom) can 
be divided into reactions wbicb occur preferentially in a 
thermal-neutron flux and those which require a fast-
neutron flux. 

[n a lhermal flux spectrum, tbe primary source of 
helium in steel is due to lbe reaction 

B I (1 +n’ -’Li7 +He4 (18.90) 

wbicb has an effective cross section in excess ot’ :1000 barns 
in a Llaxwellian (i. e., thermal) flux spectrum. Thus, even 
tbe small quantities of boron in stainless steel (Table 18.1) 
produce substantial quantities of helium. lloreover, the 
boron in steel is often associated wilh grain-boundary 
carbides. which have the generic formula Nlz .l (Cl))(,. here 
1! denotes iron or chromium, and (Cl]) means that boron 

and carbon are interchangeable in the {’ornpound. Thus, the 
helium produced from tbe boron reaction is strategically 
available close to grain boundaries, where it can do the 
most damage. 

Natural boron contains only 20’~ 111“, and, in view of 
the small (cjr]({’t]tratiorls of this impurity in most steels, the 
available B 1“ is burned out of the cladding by reaction 

18. !)0 early in the life of tbe fuel element. However. the 
amount of helium found in the cladding continues to 
increase, partly because of the following two-step reaction 

invol\ing thermal neutrons and nickel:~ ~-{() 

~i5 <) 
+ n’ + Fe<(’ + Ile’t (18.91b) 

The effecti\e thermal-neutron (Iross seclions for these 

reactions are 1.,1 and 1:3 barns, respectively, Because the 
supply of nickel in auslenitic stainless steel is inexhaustible 
(from a nuclear reaction point of view), the helium 
produced by tbe two-step reaction of neulrons and nickel 

continues throughout tbe life of the fuel element. 
In the fast breeder reactors the fast-neutron flux is some 

four orders of magnitude greater than the thermalkeutron 
flux. By comparison the fast and thermal components of 
the neutron flLIx in the so-called thermal reactors arc about 
equal (see Table 10.1 ). Thus, alth OLlgh reactions 18.90 and 
18.91 produce helium in the cladding of an LNIFBR, 
the fast flux induces (n,@) reactions in all components of 
the metal. [Fast-neutron irradiation also produces (n,p) 
reactions on nearly all nuclides. However, the hydrogen 
produced by these reactions does not cause embrittlement 

because of rapid diftusiun of this element in steel, which 
leads to ewape from the cladding. ] Birss3 r bas reviewed 
the reactions that produce helium in reactor materials. The 
most important helium producers in the steel are the nickel 



and iron. The other major constituent of steel (t,hromiurn ) 
also produces significant quantities of helium. The impuri­
ties nitrogen and boron also release helium as a result of’ 
(n,a) rea(tions induced by fast neutrons. The (n,a) reac­
tions in the metals and the light impurity elements in steel 

are of the threshold type, which means that lhe cross 

section is zero for all energies h,low a minimum or 
threshold value. The threshold energy occurs because the 
reactions are endothermic and hence require the kinelic 
energy supplied by the neutron to proceed. By contrasl, 
reactions 18.90 and 18.91 are exothermic with (ross 
sections that increasers E-12, Figure 18.39 shows the energy 

dependence of the cross .wctions for a typical (n,a) 

r

I
0’

Table 18.3 k;ffecti~,e (n,., ) Cross Sectif~ns in a 
Fission- Neutron Spectrum 

—. 

Element	 J(,,,,i),.ff> n~b 

(’l’ ().2 

F{, (J.2:~ 

Ni ~~ 
N 11 
13 62:) 

-. 

signific:int contributors of h[~lium in fasl rea(, tor fuel­
eiement {,ladding. The effcclive (n,o ) (.ross w,c,tiol~s in the 
flux spectrum of’ a t~pical l.hlll~l{ are about t,qual to th<)s(, 
givetl for the fissiot~-]lt,~ltroll spec,trurn in ‘1’able 18,:1. 

Figure 18..10 show’s the, helium (()[lcer~tr:lti()lls pro­
duced in fast and thertnal reactor cladding. The disconti­
nuity in the helium production rate in the thermat reactor 
is due to burnout of B 1“ The (.ontinued rise in helium 
concentralinn is due t o threshold (n,a ) reaclions in the fast 
component of the neutron flux. The two-step nickel 
retiction of Eq, 18.91 is not considered in the plot. The 
helium concentration in the Past reactor (kidding beconles 
larger than that in (he thermal reactor afler -1 ()() days. 
Despite the small vross se(tions. the fluxes in the fast 
reactor ~re larger thiin in the thermal rea(,~c~r. After 

o	 E ,,, Mev 

NEUTRON ENERGY 

Fig. 18.39 Energy dependence, of a typical (n,u) cross 
section. 

reaction, The threshold energy is of the order of 1 tu 
5J’1eV. tYhen multipliedby theenergy spectrumof the flux 
(Fig. 17.18) and by the density of the partic~ll:~rll~i(,lide, 
therate of productionof helium is given by 

r, 

N~vL,, )(E)dE = rate of Heproriu(, tion{)(E)~J(,,,,, 

perunit vol Lime ofmetal [18.92] 

where N is the density of the nuclide in question and4(E) 
is the flux spectrum. f\n effective cross section in a 
particular flux spectrum can be defined by 

The denominator of Eq. 18.93 is the total fast-neutron flux 
(E >0,1 kleV). The effective (n,a) cross section for the 

approximately a Y-year irradiation period, the heli Llm 

concentration in the rladding approaches 100” pprn. 

18.10.2	 Stress-Induced Growth of 

Heliunl Bubbles on Grain 

Boundaries 

The analysis of the rate of growth of helium bubbles 
lying on grain boundaries perpendicular to the direction nf 
the applied tensile stress is based on the Hull–Ilimmer void 
calculation presented in the previous section. Only two 
aspects of the void analysis need to be changed: the 
stability criterion and the vacancy (concentration at the 
bubble surface during growth. 

The stability criterion for voids is given by Eq. 18.77, 
The analogous criterion for gas-filled bubbles in mechanical 
equilibrium with the solid was deduced by Hyam and 

80 —	 ’;:,; 8 x 10” __
LMFBR{ ;(,)”O;;


i­
< 

60
—
a
+

major constituents and two impurities in stainless steel in a 5 
40
—
fission spectrum are listed in Table 18,3. The cross sections 0
 ~
z 

0
represent the values for each stable isotope of the element v 
20 —
in the list weighted with the natural abundance and 

“w”{ $~ ‘2~:~1, ,,,.,4.
summed. I 1 I I 1 1 1 10 

Note that the cross sections for the metals are of the 0 100 200 300 400 500 

order of millibars, wherein the thermal cross sections of IRRADIATION TIME, days 

reactions 18.90 and 18,91 are three to four orders of 
magnitude larger. The nitrogen and boron fast flux (n,@) Fig. 18.40 Helium concentration in type 304 stainless steel 
cross sections are much larger than those of the major exposed to LhIFBR and LJVR flux spectra. IAfter 
constituents of the steel; so these impurity elements are A. DePino, Jr., Trans. Amer. ,Vucl. Sot., 9:386 (1966 ).] 
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Sumner. s 2 Consider a bubble that contains m helium 
atoms. ln the absence of stress in the surrounding solid, the 
radius of the bubble is given by Eq. 13.16; we have assumed 

that the bubble is large enough to permit application of the 
perfect gas law, a condition which is less restrictive for 
helium than it is for xenon. Thus, 

(18.94) 

\Vhen a tensile stress (J is applied. the new equilibriutn 
radius of the bubble is given by Eq. 13.1: 

p+u=~ (18.95) 

and the ideal-gas law: 

:nli’ = mkT (18.96)p()
Eliminating m and p from Eqs. 18.91 to 1X.96 yields the 
relation 

(18.97) 

Equation 18.97 is plotted in Fig. 18.41 for three values of 
RO, which, according to Eq. 18.94, is a measure of the 
number of helium atoms in the bubble. ‘[’he function has a 
maximum when R = 3“R(), at which size the stress and the 
initial radius are related by 

4 -- -Y = ().77 ~ u=:)(3)’2 R{, R. 

This formula can be interpreted in either of two ways. For 
a given applied tensile stress, it gives lhe critical initial 

bubble radius, R~,Cr,L, for stability. If R,, ~ Rocrit. aPPli~a­
tion of the stress causes the bubble to enlarge to the size 
that satisfies Eq. 18.97. Alternatively, if the initial bubble 
radius is specified, the formula gives the critical stress fJrr, t 

for stability. lf either c~or RO is such that the left-hand side 

10<4 

100 \


, 0’{

[)


102 10“] 1o~ 1o!] ,01> 

R, \ 

Fig. 18.41 Critical stress for unlimited stress-induced 
growth nf equilibrium bubbles as a function of initial 
bubble size. ( From Ret’. 32. ) 

of Eq. 18.98 is greater than the right-hand side, there is no 
stable bubble radius, and unlimited growth occurs. Equa­
tion 18.98 is the bubble analog of Eq. 18.77 for voids. For 
a given size of cavity, the critical strew is seen to be a factor 
of ‘3 smaller for equilibrium gas-filled bubbles than it is 
for voids. This resull reflects the fact that the gas pressure, 
p, in Eq. 18.95 assists the applied stress, (J, in enlarging the 
bubble. 

The growth law for the gas-filled bubble is formulated 

in a manner similar to that applied by Hull and Rimmer to 
grain-boundary voids (previous section). The density of 
graitl-boundaw bubbles defines the unit cell radius accord 
ing to Eq, 18,78, If it is assumed that all the helium 
produced in the matrix is in the form of bubbles and all Lhe 
bubbles are attached to grain boundaries, an estimate of 
Ngh can be made. I.et 11 be the total concentration of 
helium in the metal. as determined from Fig. 18.40. If RO is 
the size of the bubbles in the absence of slress, the number 
of gas atoms per bubble is given by Eq. 18.91. ‘[’he bubble 
density (nutnber of bubbles per unit volume) is 

If the grain diameter in the specitnen is d, there are Ndi 
bubbles per grain. Assuming that the grains are cubical in 
shape and that the Ndl bubbles are uniformly disposed 
over the six faces of the cube, there are Nd f; bubbles per 

unit area of grain boundary from one grain. lio~rever, each 
grain boundary is supplied with bubbles from two adjacent 
grains; so 

NRb = ~ bubbles unit grain -boundaW zrea (18.100) 

Unfortunately, Eqs. 18.99 and 18.100 do not uniquely 
determine Ngl,. In addition, we must either specify the 
bubble size. RO, or the bubble density, N. Knowledge of 

either of these two quantities depends on the bubble 
nucleation, migration, and coalescence properties, none of 
which is well established. 

Nevertheless, assuming that the bubble density on lhe 
grain boundaries, Ngl,, can be eslimated, the Hull— Rimnrer 
analysis is identical to that presented for voids pro\ided 
that the boundary condition giving the vacancy concentra­
tion at the bubble surface, Eq. 18.80. is modified to 
account for the effect of the internal gas pressure. To do 
this, we use Eq. 13.176: 

C,(R) =C~’’exp$-p#() (18.101) 

Following the lines of the Hull-R inlnler derivation. the 
gro\vth law for the helium bubbles is found to be 

The gas pressure p in this formula is expressed in terms of 
m and R by Eq. 18.96, and integrati{m according to 
Eq. 18.88 can be accomplished if m is a constant or a 

known function of time. Equation 18.102 reduces to the 
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case for voids (Eq. 18.85) if the cavity contains no gas (i.e., 
when p = ()). 

If the applied stress is less than the critical value given 
by Eq. 18.98 for the particular initial bubble size Ro, the 

bubbles enlarge from radius R. to a final ~;alue that satisfies 

Eq. 18.97 at a rate given by Eq. 18,102, However, if the 
applied stress is greater than 0.777 RO, growth proceeds at 
the rate prescribed by Eq. 18,102 but with no upper limit 
to R. In this case, growth is terminated when the bubbles 
touch. which occurs at a radius given by Eq. 18.87. The 
time to rupture is given by Eq, 18.88, and the elongation at 
fracture, by Eq. 18.89. Using Eq. 18.100 in Eq. 18.89 gives 

(18.103) 

Equation 18.103 shows that the greater the density of 
bubbles, the more severe the em brittlement due to helium. 
Owing to bubble growth by diffusion and coalescence at 
the expense of nucleation of new bubbles, N increases 
linearly with neutron fluence and probably decreases with 
increasing temperature. This phenomenon is commonly 
called oLcragi/~g. 

18.11	 SUMMARY OF IRRADIATION 

EMBRITTLEMENT OF AUSTENITIC 

STAINLESS STEEL 

Nlechanical properties are commonly measured in either 
tensile (high strain rate) or creep-rupture (low strain rate) 
tests. In these two types of tests, the radiation effects on 
yield strength, UY , and elongation at fracture, C[, , are most 
pronounced. As a result of irradiation, (JY is increased and 
CF is decreased, The radiation-induced loss of ductility is 
more significant in fuel-element design than is the increase 
in yield strength; radiation hardening enhances service 
performance, whereas ductility losses decretise service life. 
Of these two Pdctors. service life is by far the more 
important in limiting the design of a reaclor fuel element. 
Embrittlement will probably be the lifetime limiting factor 
in the first wafl of fusion reactors as well. 

Embrittlement increases monotonically with neutron 
fluence in both tensile and creep-rupture tests (Fig, 18.30). 
The effect of irradiation temperature, ho\vever, is quite 
complex ( irradiation temperature should not be confused 
with testing temperature, the effect of which is shown in 
Fig, 18.31). Figure 18,42 shows the effect of irradiation 
temperature on the elongation at fracture in low-tenlpera­
ture postirradiation tensile tests of specimens that have all 

been irradiated to the same fast-neutron fluence. At low 
temperatures reduced ductility is due to plastic instability 
(Sees. 18.3 and 18.9), which in turn is due to the large 
increase in yield stress without a comparable increase in 
ultimate strength. As the temperature approaches 500°C, 
barriers to dislocation motion (e.g., loops) responsible for 
hardening begin to be removed, and the metal recovers its 
work hardenability. As a conwquence of this recovery, 
ductility increases. At approximately the same temperature 
that point defects in the metal become sufficiently mobile 
to anneal out the defect clusters that cause hardening, 

helium atoms in the matrix also become capable of 
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18,42 Effect of irradiation temperature on the duc­

tility of irradiated stainless steel. Tensile tests at 50°C; 
fast-neutron fluence > 10q 2 neutrons cm-z see-’ . [ After 
R. L. Fish and J. J. Holmes, J. A’ucl. Wafer., 46: (1973 ).] 

migrating and precipitating into bubbles that segregate at 
the grain boundaries. Consequently, ductility falls because 
of helium em brittlement, As the temperature reaches 
‘650”C, removal of voids becomes appreciable, and the 
matrix softens some more. The softer matrix permits plastic 
flow in the neighborhood of wedge cracks and thereby 
tends to counteract the em brittlement due to helium. The 
resulting ductility minimum has often been observed in 
tensile testing of irradiated steels. Eventually, however. 
helium em brittlement overwhelms all other effects, and the 
ductility drops to very lo\v values at high temperatures. 

Design of fuel elements is usually based on one or more 
creep-rupture properties of the irradiated metal, For exam­
ple, if cladding is to operate in a reactor for a specified 
irradiation time t,rr, the allowable stress to which it may be 
subjected by internal pressure from released fission gases 
andlor fuel-cladding mechanical interaction can be re­
quired to be ~he smaller of the following two values: 
( 1 ) 67”; of the stress for rupture in time t,,, or (2) 100’; of 
the stress to produce l“; total strain (elastic, plastic, and 
creep) in time t,,,. 

For irradiated metal the allowable stresses under condi­
tion ( 1 ) can be obtained from out-of-pile tesl results such as 
those shown in Fig. 18.31. The data in Fig. 18.29 permit 
estimation of the minimum allowable stress under condi­
tion (2). 

‘rhese conditions assume that the stress applied 10 the 
cladding is constant over the lifetime t,,,. Jvhen this is not 
so, the technique known as the su~l~~~zaliot~of /i/e /).actiotzs 

is often employed. Neglect for the moment the 
effect of irradiation, and suppose that the cladding is 
subject to stress f~l for time tl . fJ2 for time t2 , elc. ‘rhe 

sum of the time increments tl + t~ +. = tlrr. Correspond­
ing to each stress level IS a rupture Ilfe t~ , , t~ ~ ,. The 

allowable combination of times and stresses is given by 

800 



_t, +_tl + 
=1 

lt{l t}{2 ““” 

where it is assumed that the temperature 

the stress dependence of the ruptLlre 

Equation 18.101 does not include the 
condition (1). 

(18.1 [)1) 

ifi constant and 

life is known 

nearly conslmt flow stress until the beginning of normal 
work-hardening processes arising from interaction belween 

moving and stationary dislocations. 
Tbe carbotl-dislocation locking mechanism is not impor­

tant in austenitic steels because the diffusion coefficient of 
carbon in the close-packed fcc lattice is lower than it is in 
the more open bcc structure of ferritic steel. Under normal 

factor of safety in 

the case of 

(18,105) 

Similarly, condition (2) is modified in 
different stresses during cladding lifetime to 

t,_+>+ 
=1 

t,, t,j ““” 

quenching procedures, 
cannot move rapidly 
provide a concentration 
sufficient to strongly 

Sec. 18.5, fcc metals 
because point defects 
in locking dislocations. 

18.12.2 Radiation 

The bigb mobility 

tbe carbon atoms in austenilic steel 
enough to tbe dislocation line to 

of aloms along 
lock lhe dislocation. 

develop a yield drop 
can take the place 

Anneal	 Hardening 

tbe line which is 
As indicated in 

under irradiation 
of imporily atoms 

of impurity atoms in bcc metals is 
manifest by the phenomenon of ra[fiu Iiolt atz)jca[ IIardctiittg”, 
which is not observed in fcc materials. If, following a 
low-temperature irradiation, specimens of an fcc metal are 
annealed for wveral hours before testing, the radiating ­
produced increase in the yield stress decreases uniformly 
with annealing temperature. k~itb bcc metals, on the other 
hand, the 

ture, then 
tbe value 
hardening 
tnigralion 

yield stress first increases with annealing tempera­

pasws through a maximum before returning to 
observed for the unirradiated metal. The increased 

arising from the annealing process is due to the 
of interstitial impurity atoms (oxygen, nitrogen, 

where t ,, is the time required to produce 1’; strain at stress 

(Ji 
In a radiation field. tht time to rupture. tl{, in 

Eq. 18,10-1, and lbe time to achieve 1’, strain. t,, in 

Eq. 18.105. depend on the stress (~,, the temperature T,. 
and lhe accumulated floence Y: I [[},tJ for the intcr~al t, 

that [be (’laddiog has been in the condition denote’d by the 
subscript i. Thus. stress-rupture failure o(’curs wheni” 

11 
t, 

=1 (18.10(;) 
zi ~ tl{(fJ,,ri’, \l_-, ~’ ([)j~j) 

In-pi](l irradiation creep (Sec. 1~.~) is not included in this 
analysis. 

18.12	 HARDENING AND EMBRITTLEMENT


OF FERRITIC STEELS


‘rhe theories of radiation harden ing reviewed in 

Sees, 18.1 through lfi.7 apply equally well to bcc and fcc 
melals and alloys. Ilowever. there are several important 

differences in the ways that these two types of metals 
respond to radiation, all of which (an be traced to the 
greater mobility of atoms or poin{ defe(ts in the more open 
bcc lattice cotnpared to the close-packed fc( crystal 

structure. 

18.12.1 Yield Drop 

one of the most important differences in Lbe mechani­
cal properties of austenitic and ferritic steels in tbe 

and carbon ) to radiation-produced defect (’lusters, such as 
the depleted zones or dislocation 100 PS.’4 Impurity-defect 
cluster complexes form more effective obstacles to disloca­
tion motion than do impurities and defect clusters when 
they exist separately in the matrix. The high interstitial-
atom diffusivities permit migration of the small impurity 

atoms to the defect clusters at temperatures lower than 
those at wbicb the clusters are destroyed by annealing. 
However. at sufficiently h igb temperatures, both the 
complexes and the defect clusters are removed, and 
hardening diminishes with temperature as in fcc metals. 

18.12.3 Creep Strength 

The high diffusion rate of the inlrinsic components of 

the bcc metals (the vacancies and matrix atoms) in the 
more open bcc structure is responsible for the poorer 
creep-rupture strength of tbe ferritic steels compared with 
austenitic steels. Creep 
ties, for example, occurs 
which is greater in bcc 
reason, austenitic steels 
components rather lhan 

by growth of grain-boundary cavi­
by vacancy diffusion (Sec. 18.9), 

metals than in fcc metals. For this 
are used in high -tetnperature core 

ferritic alloys. 

18.12.4 High-Temperature Embrittlement 

one of the most striking differences between bcc and 
fcc metals is the absence of helium embrittlement in bcc 
metals. That is, bcc metais and alloys are not subject to the 
drastic IOS in ductility when irradiated at high temperature. 
One would expect that the higher diffusion coefficients in 
the bcc materials would accelerate creep rupture by the 
growth of intergranular voids that are stabilized by helium, 

unirradiated 
stres=strain 
sharp yield 
yield point 
dislocation 

condition is the abwnce of a yield drop in the 
bebavior of austenitic steel. Tbe existence of a 

point in unirradiated ferritic steels (the upper 
in Fig. 18.10) is attributed to tbe pinning of 
lines by impurity atoms (principally carbon) 

strung out along the line. Before a Frank—Read source can 
be operated by the applied stress, the dislocation line in the 
source (BC in Fig. 8.13) has to be unpinned from tbe 
impurity atoms that have become attached to it as a result 
of migration from the matrix. Tbe stress field around 
dislocation lines can attract impurity atoms. Interstitial 
carbon atoms, for example, are thermodynamically more 
comfortable in the tensile region below the extra half-plane 
of atoms of an edge dislocation than they are in the perfect 
matrix. The stress required t.o release tbe dislocation from a 
row of carbon atoms can be estimated.’ Once free from the 
pinning action of tbe solute atoms, the dislocation can 
move at a lower stress, which causes the drop in the yield 
stress from U to L in Fig. 18.10. Yield then propagates at a 
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which is believed to be tbe pr ncipal mechanism of helium 

em brittlement in fcc metals. The virtual absence of heli L]m 

embrittiernent in bcc metals indicates that creep fail Llre in 
these materials does not occur by the stresseilbanced cavity 

growth mechanism. Rather, it is believed that tbe large 
self-diffusion coefficients in bee metals permit efficient 
reduction of stress concentrations at grain boundaries, 
thereby reducing the tendency for triple-point or wedge 
cracking. ss ‘I’he high point-defect mobility assists in tbe 

processes of recrystallization (growth of new grains) and 
recovery (softening of the malrix due to annealing of tbe 
dislocation network). Both processes act to reduce stress 
concentrations and thereby inhibit intergranular failure. 

18.12.5	 Brittle Fracture—The

Cottrell–Petch Theory


On the basis of an earlier theory of Petch, Cottre113” 

has proposed a theory of yielding in metals exhibiting a 

distinct yield point which can be applied to determine the 

fracture stress. Knowledge of botb the yield and fracture 
stresses permits the conditions for brittle fracture to be 
deduced. 

Tbe lower yield point in bcc metals or in irradiated fee 
metals coniains contributions due to source hardening and 
friction hardening (Sec. 18.5). Friction hardening is the 
stress experienced by dislocations moving through the 
metal. Source hardening represents lbe applied stress 
needed to unlock pinned dislocations and set lhem into 
motion. Cottrell assumes that dislocations in a few isolated 
grains have been unlocked either because the orientation of 
these grains relative to the load is such as to produce the 
m~~imum resolved shear stress on active slip planes or 
because a few sources in these grains have particularly low 
unpinning stresses. In either cme, the dislocations produced 
in the prematurely yielded grains pile up against the grain 
boundary. The enhanced shear stress in the neighborhood 
of the pileup triggers the sources in the adjacent grain. Like 
a row of dominoes, yielding propagates across tbe entire 
specimen, or the material flows. 

The shear stress exerted on tbe slip plane in a grain next 
to one that bas yielded and released an avalanche of 
dislocations which are stopped by the grain boundary is 
shown in Fig, 18.43. The shear stress acting on the sources 
in grain 2 consists of two components, tbe applied shear 

stress 01 ~ and the shear stress due to the proximity of the 

pileup in grain 1. The latter is given by Eq. 8.41 wherein 
UXY is reduced by u, to account for the frictional stress 
experienced by dislocations in the pileup in grain 1. Thus, 

the sources in grain 2 are subject to the shear stress 

u~ =Uxy +	 (Uxy —Ui) ()$ 
‘4 

(18.107) 

where d (the grain size) is taken to be the length of the 
pileup in grain 1 and L’ is tbe distance from the grain 
boundary to tbe nearest dislocation source in grain 2. The 
ratio d/L’ is generally much greater than unity. The stress 
required to operate the sources in the material is denoted 

by Od. In high-purity unirradiated metals, Ud is the stress 
needed to activate Frank—Read sources (Eq. 8.16), but, in 
ordinary bee metals or in irradiated fee metals, od > OF ~ 

~ SOURCE 

/ 

l— (1 

— ,,xy 

—GRAIN BOUN13ARY 

Fig. 18.43 Shear stress on source in unyielded grain due to 

pileup in adjacent yielded grain. 

because of	 locking of the source dislocations by impurities 
or point defects produced by radiation. 

At the instant yielding is triggered by tbe mechanism of 
Fig, 18.43, (J,, is eqLlal to the yield stress UY and Uz is 
equal to Ud. Alaking these substitutions in Eq. 18.107 gives 

u d ‘(JY + (Uy ‘(JI) ()d “1 

Li 

or, wiving	 for the yield stress, 

ui + ud(L’!d)’* L’ h 
Uy = (18.108)

1 + (L’/d)’l– > ‘i + ‘d ()~ 

If the product ud(L’)’~ is denoted by a constant kv , tbe 
yield stress becomes 

Ui +u\, = kvd-’~ (18.109) 

The second term on the right gives tbe wurce-hardening 
contribution to tbe yield stress. The two components of UY 
can be determined experimentally by one of two means: 

1. By extrapolating the work-hardening portion of the 
stress—strain curve in Fig. 18.10 to tbe elastic line. The 
intercept is interpreted as Ui, and the difference between 
tbe lower yield point and _~he intercept is the source­

bardening contribution kYd ‘. This procedure bas been 
employed by Makin and Minter4 to determine tbe effect of 
neutron irradiation on the friction and source-hardening 
components of copper. 

2. By measuring the yield stress for specimens of 
different grain size and plotting UY vs. d-’4. The intercept of 
such a plot is Ui, and the slope gives kY.3s Most metals 
obey a plot of this sort quite well. 

With kY determined from yield-stress measurements, 

Cottrell calculates the critical tensile stresj for fracture by 
substituting Eq. 18.109 into Eq. 18.75. At tbe yield stress, 

OXY is identified with UY, and the term in the parentheses 
of Eq. 18.75 is given by kYd-’+. Thus, tbe fracture stress is 



.. 2G7 .l+ 
(Jcrit OF . ~d (18.110) 

Y 

The effect of grain size on the fracture stress (or 
ultimate tensile stress) and the yield stress of a low-carbon 
steel is shown in Fig. 18.44. The lwo lines cross at the 
ductile–brittle transition. To the right of this point, the 
material is ductile, since it yields before fracturing. The 
incremental V UF — Uy needed to cause fracture is 
supplied by work-hardening processes, which means that 
the metal must deform plastically. As shown by the lower 
curve in this figure, appreciable elongation occurs before 
fracture, To the left of the transition, yielding and fracture 
occur simultaneously. Fracture takes place along the yield 
stress line since yielding is a prerequisite to fracture. In this 
region the metal is totally brittle. 

The Cottrell-Petch theory can be employed to explain 

the effect of radiation on the yield and ultimate tensile 
strengths of steels. The frictional component to the yield 
stress, Ui, is quite sensiti~e to radiation owing to the defect 
clusters produced by fast-neutron bombardment 

(Sec. 18.5). The parameter kv, on the other hand, depends 
on the stress to operate dislocation sources in the metal. (J{]. 

In fcc metals and alloys, this stress is slightly increased by 
radiation because the point defects assist in pinning the 
sources. In bcc metals, however. the sources are strongly 
pinned by impurity atoms in the absence of neutron-
produced point defects; so radiation has a negligible effect 
on kv for metals of this crystallographic structure. Conse. 
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Fig. 18.44 Effect of grain size on yield and fracture 

stresses of a low-carbon steel tested at low temperature. ., 

fracture. , yield. , <train, (j!fter Ref. 36, ) 

quently, the theory suggests that the yield stress should 

increase more than the ultimate stress as a result of 
irradiation. This prediction is borne out by experiments. 
The drastic loss in ductility at low temperature results from 
the different wnsitivities of UY and (JF to neutron damage. 

Figure 18.15 shows the Cottrell–Petch theory dis­
played on a temperature plot for different values of the 
frictional stress, The increase in ui is assumed to be due to 
neutron irradiation. The ductile—brittle transition tempera­

ture (DBTT) or the nil-ductility temperature (NDT) is 
defined by the condition that OF = (JY, or from Eq. 18.110 
by the formula: 

fJy kv = 2GTd-’2 (18,111) 

,!lthough this equation could in principle be solved for the 
transition temperature (using the temperature dependencies 
of (Jy and ky ), it is tnost commonly employed to estimate 

the effect of neutron exposure on the temperature a~ which 
ferritic steels become brittle. The graphic illustration of the 
increase in the transition temperature shown in Fig. 18.45 
can be expressed quantitatively by using Eq. 18.111 and 
noting that the right-hand side is essentially constant during 
irradiation and temperature variation. Thus. 

d((}YkV) = {J}dkY + k, d(JY = O 

The changes in k, and os due to the variables T and 
neutron fluence (neutron fluence is manifest by radiation 
hardening or an increase in the frictional stress LJi) are 

‘ky‘(%)d’r+(*)d(Ji 

‘(’y‘(%)dT+(2)du’ 
Combining these expressions and neglecting the effect of 
radiation on source hardening (i.e., ~k,, /~ui = O and hence, 

------- .-—. 
IL MI’ LHAIUHL 

Fig. 18.45 Effect of temperature on the yield and fracture 
stresses of unirradiated and irradiated ferritic steel. 
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according to Eq. 18.109. d(~Y/?ui = 1], we obtain the 
increase in the transition temperature: 

The Temperature dependence of k. is slight, but, since it is 
multiplied by a large number in Eq. 18.112. it is retained in 
the analysis. The yield stress, the source-hardening coeffi­
cient, and their temperature derivatives can be obtained 
from out-of-pile tests. Inwrting numerical values shows that 

J’rL) 
– = 3 to 5’C per 104 kNlmz (18.113)

-Lo, 

for lypicat pressure. vessel steels. As discussed in Sec. 18.3, 

the L)BTT or N DT can be measured by impact tests. 

Figure 18.13(b) shows that the DBTT of unirradiated 
low-carbon steel is about O’)C. The corresponding curve for 
an irradiated specimen is translated LO much higher tem­
peratures than the data for unirradiated material shown in 
this graph. \Vhen the radiation hardening (A(J1) is measured 
as well. observed values of ~TD are in good agreement with 
the predictions of the Cottrell–Petch theory, expressed by 
Eq. 18.113. 

The increase in the frictional stress A{~i is due almost 
exclusively to the production of obstacles in the slip planes 
of moving dislocations. Al the low temperatures at which 
pressure vessels in L\VRs operate, ~ui can be identified with 
lhe hardening due to depleted zones (Eqs. 18.38 and 
18.42), Figure 18, ![; summarizes data on the increwe in the 
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Fig, 18.46 Effect of fast neutron fluence on the increase 
in the nil-ductility temperature of low carbon steels 
irradiated at various temperatures. (After L. E. Steele and 
J. R. Hawthorne, in ASTh’1 Special Technical Publication 
380, p. 283, American Society for Testing and Materials, 
Philadelphia, 1965. ) 

nil-ductility temperature of various pressure-vessel steels 

with neutron fluence. lf the component operates at 
temperatures below -250”C for long irradiation periods, a –. 
considerable increase in the NDT is observed. As shown by 
the graph, the NDT can approach the operating tempera­
ture of the pressure vessel (approximately equal to the inlet 
coolant temperature in a P}VR) after long periods of 
irradiation. Periodic annealing of f erritic steel components 
of lhe reactor core may be neces~ry to eliminate accumu­
lated radiation damage. As part of a surveillance program, 
coupons of the metal can be inserted in the core and 
periodically withdrawn for impact testing. 

Additional information on the effects of neutron 
exposure on ferritic steels can be found in Refs. 6, 37, and 
38. 

18.13 NOMENCLATURE 

a,, = lat~ice constant 
A = cross-sectional area of a tensile test specimen; 

mass number 
b = Burgers vector 
C = point-defect concentration (particles per unit 

volume); crack length 
d = grain size 
D = point-defect diffusion coefficient; tube diameter 

Dxb = grain-boundary self-diffusion coefficient

D, ~1, = diffusivity of vacancies in grain boundary


DB’lT = ductile-to-brittle transition temperature

E = neutron energy; activation energy for steady-


state creep; Young’s modulus

E t, I = elastic-energy detlsity

Eth = threshold energy for (n,a) reaction


f = fraction of grain-boundary area occupied by 
voids 

fX,fY = angular functions of the force between edge

dislocations in the x and y directions, respec­

tively


F = force on a unit length of dislocation

G = shear modulus


GU = vacancy production rate in a grain boundary

k = Boltzmann’s constant


k,V = vacancy-interstitial recombination rate constant

kv = constant in the Cottrell–Petch theory, Eq. 18.109


I = gauge length of tensile test specimen; spacing of 
obstacles in a glide plane, Eq. 18.25 

1,, = length of dislocation segment between pinning 
points 

L = length of dislocation pileup 
L’ = distance from grain boundary to nearest disloca­

tion source 
m = helium atotns per bubble 
n = number of dislocations in a pileup 

hi = concentration of obstacles. depleted zones, 
loops, or bubbles


Nfll, = number of voids or helium bubbles per unit

grait~-boundary area


p = gas pressure

P = load on tensile test specimen

r = radius of obstacle to dislocation motion




r<, = radius of dislocation cure 
R radil]s of depleted zone. dislocation loop, or 

helium bubbl(’ 
.fl -- radius of unit cell surrounding a void or bubble 

on a grain boundary; radius of curva~ure of a 
dislocation line; radius of th~ stress field around 
a disloca(i{)n 

t = time; wall thick n[’ss 
t,< = rupture time 

T = temperature 
‘I’c = characteristic temperature’, Eq. 18.39 

T,, = ductile-to-brittle transit ic~tl temperature{’ 
,1
[ 111 = melting point, ‘ K 
(~e ‘- activation energy for dislocation cutting of an 

obstacle 
[~J() = energy increase when dislocation cuts an ubsta­

[,1(, 

v = capture volume around a d[’pleted zone 
v,, = velocity of a glide dislocation 
V,. = crack volutne 

JV= thick n[>ssof grain boundary 
IV = work 

x = distance along glide plane 
~ = distallcc perp[, rldi~,ular to glide plane 

Z = capture sites around a dislocation 

Greek	 [et ters 

a = number of defect clusters per neutron collisiun 
~ = numerical c(,nstant, Eq. 18.62 

~ = surface energv (including plastic deformation) 
YX},= grain-boundary tension 

y, = surface tension of solid (used when plastic 

deformation at crack tip is impurtant) 
1’ = probability per unit time that a dislocation cuts 

an obstacle 
c = strain 

CF = strain at rupture 
~1 ,~z ,C,l = principal strains 

C* = equivalent strain (strain deviator), Eq. 18.17 
c = strain rate 
[) = poisson’s ratio; vibration frequency of disloca­

tion against an obstacle; number of displace­
ments per primary knock-on atom 

p = density of mobile dislocations 
Pd = total density of dislocations in a solid 

u = stress (positive in tension) 
u~ = equivalent stress (stress deviator), Eq. 1~.1~ 

Ui = friction stress

(J(n, a) = Cross SeCLiOn for n,d reaction


– shear	 stress~xv –

T = time


+(E) = neutron flux spectrum

c~)= total fast. neutron f]ux


Q = atomic volume 
v = macroscopic neutron-scattering cross section-s 

Subscripts and Superscripts 
crit = critical value


e = edge dislocation

eq = equilibrium


F = at fracture

h = hydrostatic


i = intersti~ial

I = dislocation loop


LR = long range

max = maxi tnum


R = at the surface of a defect

s = short range

v = vacancy


Y = at	 yield point 
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18.15 PROBLEMS 

18.1 AS a result of irradiation, a specimen of metal 
contains voids. The specimen is annealed out of pile at 

temperature T. Voids grow or shrink only by vacancy 
capture or emission. The bulk solid contaios the thermal-
equilibrium vacancy concentration, 

(a) How does the radius of a void with initial radius R() 
change with annealing time’? 

(b) If the void sizes after irradiation are distributed 
according to the function .N()(R() ) dR() - number of voids 
with radii between R(, and R. + dRr,, what is thp void 
distribution function at a time t in the anneal? ,Issume the 
vacancy-diffusion coefficient D,,, the equilibrium vacancy 
concentration C~[], the sur~dce tension of the metal ~, and 
the atomic volume (1 are specified, Use a calculatio]lal 
method like the one applied to thermal annealing of 
depleted zones (Sec. 18.5). 

(c) Suppose the initial distribution N(R(J) is Gaussian 
with an average void radius of 400 ~f and a standard 
deviation of 50 A. The initial void concentration, N~., is 

1015 cm”s. During annealing, the voids of average size 
disappear in 3 hr. Compute and plot the void distributions 
att=Oandt=2 hr. 

18.2 ‘rhe work-hardening region of the stress-strain curve 
can be represented by the formula u = ken, where n is the 
work-hardening coefficient. By increasing the yield stress 
more than the ultimate tensile stress, irradiation effectively 
reduces the work-hardening coefficient. Using the criterion 
for plastic instability, calculate the reduction in uniform 
elongation due to an irradiation that decreases n by an 
amount Ln. 

18.3 (a) Show that Eq. 18.26 is valid for a regular planar 
array of dislocation pinning points [ e.g., the (100) plane of 
the fcc structure]. 

(b) The potential energy of a dislocation cutting 
through an obstacle in Seeger’s treatment of radiation 
hardening is of the form 

Y=l –&– Aq + constant 

where	 .. 1“ 

Demonstrate the following properties of the functiorl Y(n): 
1. The barrier height disappears if ,1 11, 
2. Expand the location of the maximum and minimum 

in a Taylor>s series in the parameter c = 1 – .1A, which is 

presumed to be small and positive. SI1OW that the exlrema 
are given by 

~, = f~c’2 

3. Show hat the barrier height is given by 

Y(q+) – Y(77 ) = PC ‘2 

18..4 ‘rhe I lta for depleted -zooe hardening by ni(’krl 
( Fig. 18.20) suggest that “lwo types of zones are cr~,ated by 
irradiation. From the curves on this figure. compute the 
ratio of the radii and of the numbers of the zones 
represented by lines A tirrd B. 

18.5 Consider d dislocation line in a solid (’orrtaining N 
bubbles of radius R per cubic centimeter. A shear stress UXY 
is applied to the solid which causes the dislocation to glide 
along its slip plane. 

(a) Under what conditions will the bubbles be swept 
along by the dislocation line rather than be bypassed by it’? 

(b) Under conditions permitting bubble swet,ping, what 
is the initial velocity of the dislocation line’? Assume that 

the bubbles tnove by the surface-diffusion mechanism. 
(c) As the dislocation line moves, it collects all the 

bubbles in its path, which reduces the bubble spacing along 

the line and slows it down. Neglecting coalescence of the 
bubbles attached to the dislocation line, find the velocity of 
the dislocation line after it has moved a distance :< in the 
direction of the applied shear stress. 

18.6 Consider a thin-walled cylinder of radius R and 
thickness tC which is subject to internal pressure p but zero 
external pressure. The top and bottom of the cylinder are 

closed; so there is an axial stress on the cylinder wall. 

(a) Use simple force balances to determine the axial 
stress OZ and the hoop stress U(). 

Use linear elasticity theory (see the Appendix) and 
the assumption of plane strain (i.e., CZ independent of r and 
Z, but not necessarily zero) to determine the following: 

(b) The differential equations and boundary conditions 
for the radial stress, u,. Without the thin wall assumption, 
obtain the solutions for Ur and LJOas functions of radial 
position. Show that Uu reduces to the result obtained in (a) 
for the special case of a thin wall. 

(c) The strain components F,, Cr, and co, 
(d) The differential equation (and its general solution) 

for the radial displacement, u,. 

(e) Show that the radial strain, c,, is related to the 
fractional decrease in wall thickness: 

At 
er=J 

tc 
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18.7 An irradiated metal contains a network-dislocation 
density of Pd and N, dislocation loops per unit volume of 
radius R,. The yield stress of the irradiated specimen is 
measured at temperatures just below and just above the 
temperature at which the loops unfault. What is the 
difference in the yield stress between these two measure­
ments? Assume that the unfaulted loops become part of the 

dislocation network of the solid. 

18.8 Derive the expression for the force between a 
straight edge dislocation line and a dislocation loop whose 

plane is perpendicular to the slip plane of the edge 
dislocation and parallel to the edge dislocation itself. 
Prepare a plot similar to Fig. 18.24 for this case when the 
distance between the slip plane of the straight edge 
dislocation and the center of the loop is three loop radii. 

18.9 Equation 18.75 gives the critical tensile stress for 
stability of gas-free wedge-shaped cracks on grain-boundary 
triple points. Suppose, however, that the cracks form from 
pores on the triple points which are initially of volume V. 

and contain m helium atoms. Under the influence of an 
applied stress u, the pores grow to wedge cracks of length C 
and width nb. 

(a) The grains in the metal are modeled as tetrakaideca­
hedrons of size I (see sketch). At a particular time during 
irradiation, h! atoms of helium have been produced per unit 
volume of metal. Assume that all the helium has been 
collected in the triple-point cracks. What is m, the number 
of helium atoms per crack? 

o 
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considered. The radial boundary conditions on Cv are given 
by Eqs. 18.80 and 18.81. One of the two required z 

boundary conditions reflects symmetry about z = O, 
(acv/az)z=o= O for all r. Following Coble’s treatment, the 

boundary condition at the interface between the matrix 
and the grain-boundary zone is Cv(r,w/2) = C~a exp (0~/ 

kT); that is, the applied stress affects the equilibrium 
vacancy concentration only at the boundary of the diffu­
sion zone, not, as in Speight and Harris’ treatment, within 
this zone. 

(a) Write the diffusion equation and the boundary 

conditions in terms of the dimensionless vacancy concentra­
tion: 

~ = Cv(r,z) – CV(R,Z) 

CV(r,w/2) 

(b) Obtain a solution for 
separation of variables. 

(c) What is the total rate 
void and the growth law dR/dt? 

18.11 In the Hull–Rimmer 

– CV(R,Z) 

O(r,z) by the method of 

of vacancy diffusion to the 

analysis that produced the 
grain-boundary growth law given by Eq. 18.85, the vacancy 
concentration midway between voids is assumed to be 
equal to the thermodynamic equilibrium value under the 
applied tensile stress. However, the stress in this analysis is 
determined by dividing the applied load to the specimen by 
the cross-sectional area. When voids form on grain bound­

aries perpendicular to the load direction, the load-bearing 
area on the grain boundaries is reduced by the presence of 

the voids. How should the growth law be modified to take 
this effect into account? 

18.12 Calculate the helium content (in atomic ppm) in 
type 304 stainless steel (Table 18.1) irradiated for 1 year in 
a flux 
see-’ 

18.13 
on a 

under 
value 

with a thermal component of 1013 neutrons cm-2 
and a fast component of 10] 5 neutrons cm-2 see-’ . 

Consider helium bubbles 1000 ~ in radius located 
grain boundary. To what size do the bubbles grow 

14 faces @ 
VOlume = I38121’/z

(b) What is the energy required 
effective stress is the sum of the 
the tensile stress u. In forming the 
does work. 

(c) What is the critical stress 

t­
0 

to form the crack? The 
internal gas pressure and 

crack, the contained gas 

for unstable growth of 

the influence of 
for instability? 

a tensile stress one-half the critical 

coalesce. What is the equilibrium 

gives the critical stress for spherical 

Two of the bubbles 
size of the new bubble? 

18.14 Equation 18.98 
helium bubbles on a grain boundary. However, the equi­
librium shape of bubbles on grain boundaries is Ienticular 
rather than spherical (see sketch). 

& 
those cracks favorably oriented with respect to the applied 
stress? Assume low gas pressure to simplify your result. 

This problem has been analyzed by K. Reiff, J. Nuc1. 
Mater., 33:129 (1969). 

18.10 The stress-induced growth of grain-boundary voids 
is to be analyzed by a grain-boundary vacancy-diffusion 
model similar to the one applied by Coble to grain-
boundary diffusional creep (Sec. 16.6). Steady-state va­
cancy diffusion 
of thickness w 

takes place in the annular region R < ri<l.’fl 
illustrated in Fig. 18.38. The present analysis 

\ P 
GRAIN BOUNOARY 

is two-dimensional, with z measured from the midplane of 

the grain-boundary slab. Since the system is symmetric (a) If the grain-boundary tension is ~gb and the surface 
about the midplane, only the region O < z < w/2 need be tension of the metal is T, what is the equilibrium geometry 
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(i.e., the relation between the angle O and the radius of 

curvature p) of a Ienticular bubble containing m gas atoms 
when the solid is unstressed? 

(b) How does the result of (a) change when the solid is 
subjected to a hydrostatic tensile stress u? 

(c) What is the critical stress for unstable growth of the 
Ienticular bubble? Express the answer as the ratio of the 
critical stress for a Ienticular bubble to that for a spherical 
bubble containing the same number of helium atoms. If 

Tgb/? = 0.4, what is this ratio? 

18.15 A specimen of irradiated austenitic stainless steel 
under an apphed stress of 2 x 105 kN/m2 fails owing to 
helium embrittlement at a strain of l{’;. What concentration 
(in atomic ppm) of helium in the metal is necessary to 
cause fracture at this value of the strain? The grain size in 
the metal is 15 flm and the surface tension is 1500 
dynes/cm. The irradiation temperature is 1000”C. 

18.16 Helium is produced in an irradiated metal at a rate 
of G atoms cm-3 sec ‘1 . All this helium is trapped in bubbles 
on grain boundaries as soon as it is formed. There are Ngb 
bubble sites per unit grain-boundary area, and the grain size 
is d. 

(a) What is the rate of helium-atom capture at each 
bubble site? 

(b) What is the time tc at which the growing grain-
boundary bubbles become unstable with respect to an 
applied tensile stress u? What is the bubble radius RC at this 
time? For t < tc, bubble growth rate is determined by the “­
helium influx (i.e., the bubble is always at equilibrium). 

(c) For t > tc, the bubble is unstable, and its rate of 
expansion is controlled (and limited) by the rate at which 
vacancies reach it. Gas atoms are assumed to reach the 
bubble at the rate determined in (a). Accounting for the 
continued increase in the number of gas atoms in the 
bubble during the unstable growth period, set up the 
equations needed to determine the rupture time t~. 

(d) What is the elongation at rupture e~’? 

18.17 The life-fraction approach is to be applied to 
estimate the most probable service lifetime of a fuel 
element subject to creep rupture. Steady state creep is 
asumed at all times; so the rupture life for fixed conditions 
is given by t~ = efi-/~. Neglect irradiation creep and assume 
that the creep rate is not affected by fluence but depends 
on stress and temperature according to Eq. 8.46. Assume 
that the fracture strain decreases with fluence as shown in 
Fig. 18,30. The fission-gas pressure within the cladding 
increases linearly with irradiation time at a known rate. 
Derive the expression from which the service life could be 
estimated if all the constants involved were specified. The 
temperature is constant throughout irradiation. 




